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1 Introduction 
Silicon carbide is the main barrier to diffusion of fission products in the current design of 

TRistuctural ISOtropic (TRISO) coated fuel particles and Ag is one of the few fission products 
that have been shown to escape through this barrier. Because the SiC coating in TRISO is 
exposed to radiation throughout the lifetime of the fuel, understanding of how radiation changes 
the transport of the fission products is essential for the safety of the reactor. The goals of this 
project are: (i) to determine whether observed variation in integral release measurements of Ag 
through SiC can be explained by differences in grain size and grain boundary (GB) types among 
the samples; (2) to identify the effects of irradiation on diffusion of Ag through SiC; (3) to 
discover phenomena responsible for significant solubility of Ag in polycrystalline SiC. To 
address these goals, we combined experimental analysis of SiC diffusion couples with modeling 
studies of diffusion mechanisms through bulk and GBs of this material. Comparison between 
results obtained for pristine and irradiated samples brings in insights into the effects of radiation 
on Ag transport. 
 
2 Diffusion Couple Experiments 

2.1 Development of Ion Implantation Diffusion Couple System 

2.1.1 Overview of Diffusion Couple Design Approach 
 

Numerous experimental challenges influence investigation of silver (Ag) diffusion in 
silicon carbide (SiC). The primary issues are the expected low solubility limits (S(T)) (<1x1017 
at/cm3) at the temperatures of interest to TRISO fuel operation and accident conditions (900-
1600°C) [1] and limited diffusion length scales at the time and temperatures associated with 
reported diffusion experiments. These constraints influence the design of diffusion couples 
appropriate for investigation of the Ag-SiC system as well as the necessary analysis techniques 
needed to measure diffusion in the Ag-SiC system. 

This work utilized ion implantation diffusion couples to investigate the diffusion 
behavior in the Ag-SiC system. Ion implantation overcomes critical issues associated with high 
temperature diffusion couples of Ag-SiC, namely it provides a consistent Ag source at the 
temperatures of interest where Ag is a liquid with a high vapor pressure, and as such many 
traditional diffusion couple designs are not applicable under these conditions. The approach also 
provides a planar well-defined planar interface, which allows for application of high sensitivity 
depth profiling techniques. This work revisited Ag-SiC ion implantation diffusion couple 
approaches, which had been previously reported in the literature [2] and modified the design 
approach to limit the influence of implantation effects. 

The ion implantation diffusion couples were constructed using polycrystalline CVD 3C-
SiC from Rohm and Haas (3C-SiC) and single crystal 4H-SiC wafers 4° off (1000) from Cree, 
Inc. (4H-SiC). Polycrystalline 3C-SiC samples were prepared from bulk samples and were 
polished to an arithmetic surface roughness (Ra) < 10 nm. The single crystal 4H-SiC wafers were 
obtained from Cree, Inc. with a Ra < 10 nm. Roughness values were measured using a Zygo 
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optical profilometer. The polycrystalline 3C-SiC substrates were implanted with two separate 
dose conditions, 400 kV Ag+ to 1x1014 ion/cm2 and 5x1014 ions/cm2, at 300ºC at the Michigan 
Ion Beam Laboratory (MIBL) through the Advanced Test Reactor National User Facility (ATR-
NSUF) program. The single crystal 4H-SiC substrates were implanted to a dose of 5x1014 
ions/cm2 at identical conditions to the polycrystalline 3C-SiC substrates. The implantation dose 
and the 300ºC implantation temperature were selected to avoid amorphization of the SiC 
substrate during implantation, while the two dose conditions for the 3C-SiC substrates were 
selected to understand potential dose dependence on the diffusion behavior. Following Ag 
implantation a 200-250 nm diamond-like-carbon (DLC) coating was deposited on the SiC’s 
implanted surface to protect the sample during thermal exposure.  

2.1.2 Diffusion Couple Exposures 
 

Individual samples, ~8 mm × ~8 mm, were cut from the bulk implanted substrates for 
thermal exposure. Individual samples for thermal exposure were mated with an as-polished 3C-
SiC sample using graphite paste to further protect the implantation surface. The samples were 
sealed in a thick-walled quartz ampoule with excess coarse SiC powder to limit surface 
decomposition, as shown in Fig. 2.1. Approximately, 0.05 g of Ag foil was encapsulated in the 
isolated sample chamber along with the diffusion sample to limit Ag out-diffusion from the Ag 
implanted SiC substrates. This diffusion couple exposure system was developed based on 
observations made from earlier ion implantation diffusion couple studies where samples that 
were thermally exposed in a W-mesh vacuum furnace exhibited significant surface 
decomposition which completely consumed the implantation layer in select samples [3]. Samples 
were exposed to 1500-1569ºC in an MTI GSL 1600X-80 tube furnace and at 1625ºC in a 
Lindberg Blue tube furnace. The self-contained samples were inserted and removed at 
temperature followed by a quenched step to limit diffusion contributions during transient heating 
and cooling. Temperatures were monitored with an external Type-B thermocouple placed in the 
center of the tube furnace hot zone. Table 2.1 shows the ion implantation diffusion couples 
investigated in this stage of the study. 
 

 
Figure 2.1 Schematic illustration of ion implantation diffusion couple exposure system. 

   

Mated Ion
Implantation Sample

SiC Powder 
GetterQuartz
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Table 2.1 Ion implantation diffusion couple exposure conditions for Ag implantation doses of 5x1014 
ions/cm2, *indicates 1x1014 ions/cm2 also included 
Temp. (ºC) 1500ºC 1535ºC 1569ºC 1625ºC 
Time (hours) 5,10,20 hours* 10 hours* 5,10,20 hours 1 hour 
 

2.2 Analysis of Ion Implanted Diffusion Couples 

2.2.1 Overview of Analysis Approach 
 

Diffusion couple analysis focused on measurement of the change in Ag distribution of 
implanted Ag after thermal exposure to understand the nature and magnitude of thermal 
diffusion in the samples. Bulk changes in the Ag distribution were determined through the use of 
secondary ion mass spectroscopy (SIMS), while changes in the spatial distribution of Ag in the 
SiC substrate were investigated by scanning transmission electron microscopy (STEM). 

SIMS analysis was preferred over other depth profiling measurements, such as 
Rutherford Backscatter Spectroscopy (RBS), due to the large dynamic range in Ag sensitivity 
gained from SIMS. This aspect is imperative as the signature of impurity diffusion in SiC is 
expected to be observed below the solubility limits of the Ag-SiC system, that is, when the ion 
implantation diffusion couple is exposed to temperature, impurity diffusion is driven into the 
bulk past the implantation peak at approximately the S(T) of the system. This is displayed in Fig. 
2.2, which shows a schematic of the ion implantation diffusion scenario which satisfies the 
constant source approximation, where the impurity concentration extends into the bulk below the 
S(T) of the system and is observed as a shoulder or “tail” off of the Gaussian distribution 
extending into the bulk substrate. Because the signature of impurity diffusion is tied to the 
solubility limit of the Ag-SiC a high sensitivity depth profiling technique capable of measuring 
concentrations below 1x1017 at/cm3 is required - for this reason SIMS was identified as an ideal 
analytical technique.  
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Figure 2.2 Schematic illustration of the ion implantation diffusion couple depth profile. 
 

SIMS analysis was conducted using a Cameca IMS 7f-GEO magnetic sector SIMS. 
Depth profiles were obtained for Ag in SiC by rastering a 5 keV O2

+ ion beam over a 200 × 200 
µm area with a 33 µm diameter optically gated analysis area. The SIMS analysis was performed 
at the Institute of Critical Technology and Applied Science Nanoscale Characterization and 
Fabrication Laboratory at Virginia Tech. 107Ag intensity was measured as a function of time and 
the measured intensity was correlated to Ag concentration using a relative sensitivity factor of 
1.10-1.32×1023 at/cm3 calculated from of the as-implanted (AI) SiC substrates using the isotope 
28Si as the bulk SiC reference intensity. Relative sensitivity factors were determined for all AI 
substrates (polycrystalline 3C-SiC 1×1014 ions/cm2 and 5×1014 ions/cm2, and single crystal 4H-
SiC 5×1014 ions/cm2), where the range in relative sensitivity factors is representative of minor 
experimental variations for each AI substrate. Crater depths were determined by measuring the 
SIMS sputter crater using a Zygo optical profilometer to correlate sputtering time with depth. 

STEM was employed to observe the initial state of the implanted substrate and the 
change in Ag spatial distribution after thermal exposure. STEM samples for investigation were 
prepared by traditional focused ion beam (FIB) lift-out techniques using a Zeiss CrossBeam Dual 
Beam FIB/SEM at the University of Wisconsin-Madison Materials Science Center (UWMSC). 
The FIB lift-out technique provided cross-sectional TEM samples of the SiC structure along the 
implantation and diffusion direction. Bright Field (BF) TEM analysis was performed using a 
Technai TF-30 at 300 kV. Selected area diffraction (SAD) patterns of the implantation layer and 
unaffected SiC beyond the implantation layer were obtained using a 300 nm aperture. Annular 
Dark Field (ADF) micrographs were obtained using a FEI Titan aberration-corrected STEM at 
the UWMSC to provide additional mass-contrast to aid in resolving the nature of the Ag after 
implantation and thermal exposure 
 

~S(T) 
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2.2.2 STEM Analysis of Ion Implanted Diffusion Couples 
 

Figure 2.3 shows a BF-TEM comparison of the implantation zone for the polycrystalline 
3C-SiC 5×1014 ions/cm2 as-implanted (AI) and 1569ºC 20 hour exposure samples. SAD patterns, 
inset in Fig. 2.3, indicate the implantation zone remained crystalline and suggests the implanted 
Ag remained in solution after implantation as no segregated features are observed in the 
implantation zone, which is identified as a darker band parallel to the implantation surface. Post 
thermal exposure, a fine structure is observed in the primary implantation region, indicating 
implanted Ag redistributes after thermal annealing in the crystalline substrate. Figure 2.4 shows 
the BF-TEM micrographs of the single crystal 4H-SiC 5×1014 ions/cm2 AI and 1569ºC 20 hours 
exposure samples. Similar to the polycrystalline 3C-SiC substrates, no evidence of 
amorphization is apparent as the SAD pattern indicates a crystalline substrate remains after 
implantation. Following thermal exposure fine scale segregated Ag features are observed. No 
insight on the structure of the fine scale segregated Ag features was determined from the SAD 
analysis of the thermally exposed samples. 
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Figure 2.3 BF TEM micrographs of polycrystalline 3C-SiC 5×1014 ions/cm2 AI (A-B) and 1569ºC 20 
hours (C-D) conditions, inset SAD of (200) zone axis, dashed line indicates implantation surface while 
arrow indicates implantation direction, i) shows SAD from implanted region, u) indicates SAD from 
undamaged region. 
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Figure 2.4 BF TEM micrographs of single crystal 4H-SiC 5×1014 ions/cm2 AI (A) and 1569ºC 20 hours 
(B) conditions, inset SAD of (11-20) zone axis, dashed line indicates implantation surface while arrow 
indicates direction implantation direction, i) shows SAD from implanted region, u) indicates SAD from 
undamaged region. 
 

 
Figure 2.5 ADF micrographs of polycrystalline 3C-SiC 5×1014 ions/cm2 AI (A) and 1500ºC 10 hours (B) 
conditions identifying fine structure after thermal exposure, dashed line indicates implantation surface 
while arrow indicates direction of ion implantation. 
 

ADF provides diffraction contrast and mass contrast for imaging Ag impurities in the low 
atomic mass SiC matrix. Figure 2.5 shows a comparison of the polycrystalline 3C-SiC 5×1014 
ions/cm2 AI and 1500ºC 10 hours thermal exposure, confirming fine scale Ag features form after 
thermal exposure in the region associated with the implantation zone. The affected depth is 
measured to be ~300-350 nm with no obvious features observed at greater depths. No obvious 
indicators of Ag segregation to microstructural features were noted.  
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The primary observation from the STEM analysis was that the substrate remained 
crystalline after ion implantation. This was a targeted attribute of the experiment as 
amorphization of the implantation region has been shown to influence the transport and 
redistribution of the implanted Ag due to recrystallization of the SiC substrate [2]. Maintaining a 
crystalline implantation region is expected to mitigate the influence of substrate recrystallization 
on Ag transport. Additionally, STEM analysis indicated the implantation surface remained intact 
with no deleterious surface decomposition, such that changes in the Ag distribution would not be 
influenced by SiC substrate decomposition. 

2.2.3 SIMS Analysis of Ion Implantation Diffusion Couples 
 

SIMS analysis provided insight into the bulk redistribution of the implanted Ag after 
thermal exposure through depth profile measurements. Figure 2.6 shows an isochronal 
comparison of Ag depth profiles for single crystal 4H-SiC substrates exposed to temperatures of 
1500-1569ºC for 10 hours. The AI Ag profile measured in the single crystal 4H-SiC substrate 
presents a singular Ag concentration peak at ~140 nm with a skewed Ag concentration past the 
primary peak away from the surface into the bulk substrate. This is expected from ion straggling 
during implantation. The thermally exposed single crystal 4H-SiC substrates indicate a bi-modal 
Ag distribution for all thermally exposed samples, with the primary peak remaining at ~140 nm 
and a secondary peak at a depth of ~500 nm. Figure 2.7 shows Ag depth profiles for the 
isothermal exposures of 1569ºC 5-20 hours. The isothermal comparison presents a similar 
observation in that no significant variation in the Ag concentration profile past the primary 
implantation peak is observed as a function of time, which implies that the observed 
redistribution of the implanted Ag concentration past the primary implantation peak is 
independent of the exposure time and temperature for the conditions investigated.  
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Figure 2.6 SIMS depth profiles of Ag in SiC for single crystal 4H-SiC (dose of 5×1014 ions/cm2) in AI 
condition followed by 1500-1569ºC 10 hours isochronal exposures identifying redistribution of Ag past 
the primary implantation peak. 
 

 
Figure 2.7 SIMS depth profiles of Ag in SiC for single crystal 4H-SiC (dose of 5×1014 ions/cm2) in AI 
condition followed by 1569ºC 5-20 hours isothermal exposures identifying redistribution of Ag with 
minimal variation past the primary implantation peak. 
 

The correlation of the Ag depth profile with the SRIM damage profile is shown in Fig. 
2.8. A scaling factor of 1.28 was used to account for the underestimation of the heavy ion 
interaction with SiC in SRIM [4]. The observed Ag concentration minimum and secondary peak, 
as seen in Fig. 2.6 and Fig. 2.7, coincides with the reduction in implantation induced damage 
estimated in SRIM and is beyond the depth containing end-of-range defects identified by BF-
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TEM. The consistent Ag depth profiles suggest the redistribution of Ag past the primary 
implantation peak is due to diffusion annealing of a finite population of implantation induced 
defects in the single crystal 4H-SiC substrate. 
 

 
Figure 2.8 SIMS Ag depth profile of single crystal 4H-SiC (dose 5x1014 ions/cm2) in AI conditionand 
1569oC 5 hours exposure overlaid with damage profile estimated from SRIM. 
 

SIMS depth profiles for the polycrystalline 3C-SiC substrates indicated a different 
behavior than the 4H-SiC single crystal substrates. SIMS Ag depth profiles for the 5×1014 
ions/cm2 polycrystalline 3C-SiC substrates exposed to isochronal conditions of 1500-1569ºC for 
10 hours are shown in Fig. 2.9. Ag concentration is observed to penetrate into the bulk SiC 
beyond the primary implantation peak with increasing penetration as a function of exposure 
temperature, suggesting a temperature dependence on the Ag penetration. Figure 2.10 shows a 
comparison of 5×1014 ions/cm2 polycrystalline 3C-SiC substrates exposed to 1500ºC for 10 and 
20 hours with the AI condition. From Fig. 2.10 a minimal variation in the Ag concentration 
between the 1500ºC 10 and 20 hours exposures is observed implying the observed profiles at 
1500ºC are due to Ag transport influenced by finite non-equilibrium point defects generated 
during implantation. Figure 2.11 shows the Ag concentration depth profiles for isothermal 
5×1014 ions/cm2 polycrystalline 3C-SiC substrates exposed to 1569ºC for 5-20 hours and indicate 
that the Ag penetration into bulk SiC increases as a function of time. This observation suggests 
the Ag concentration “tail” extending into the bulk past the primary implantation peak is due to a 
thermally dependent transport mechanism. A comparative Ag concentration penetration depth 
was determined at a reference Ag concentration of 2×1016 at/cm3 in the Ag penetration “tail”. 
The magnitude of the observed Ag penetration past the AI profile is approximately 0.19 µm, 
0.44 µm and 0.66 µm for 1500ºC, 1535ºC, and 1569ºC, 10 hour exposures, respectively, while 
the 1625ºC 1 hour exposure indicated an Ag concentration penetration of 0.34 µm past the AI 
profile. From this behavior, evidence of thermal Ag diffusion is indicated by the extended Ag 
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penetration past the consistent 1500ºC 10 and 20 hour profiles. For the 1500ºC profiles, the 
consistent profiles imply no Ag transport is measurable beyond the signature of the implantation-
induced transport. Figure 2.12 shows a Ag dose comparison for polycrystalline 3C-SiC 1×1014 
ions/cm2 and 5x1014 ions/cm2 AI and 1535ºC 10 hour exposures -  the profiles indicate a similar 
Ag concentration penetration profile extending into the bulk SiC offset by the variation in 
independent AI profiles, suggesting minimal implantation dose dependence. 

A reduction of the primary peak for Ag implanted concentration was noted for most 
exposures and this is consistent with previously reported observation of thermally exposed 
Ag/SiC implantation diffusion couples and is expected to be due to loss to the implantation 
surface [5-8]. For the 1569ºC 10 hours and 20 hours exposures a peak shift skewed away from 
the implantation surface was observed. This phenomenon was also reported by Friedland et al. 
[5] and was suggested to be due to grain boundary diffusion effects. 
 

 
Figure 2.9 SIMS depth profiles of Ag in SiC for polycrystalline 3C-SiC (dose 5x1014 ions/cm2) in AI 
condition followed by1500-1569ºC 10 hour isochronal exposures identifying extension of Ag 
concentration past the primary implantation peak. 

 
 

-0.5 0.0 0.5 1.0 1.5 2.0 2.5 3.0 3.5
1015

1016

1017

1018

1019

1020

[A
g]

 a
t/c

m
3

Depth (μm)

 AI 3C-SiC 5x1014 cm-2

 1500oC 10 hrs
 1535oC 10 hrs
 1569oC 10 hrs



Final Report  January, 2016 

 15

 
Figure 2.10 SIMS depth profiles of Ag in SiC for polycrystalline 3C-SiC 5×1014 ions/cm2 AI, followed 
by 1500ºC 10 hours and 20 hours.  The comparison identifies limited variation in Ag concentration 
between exposure conditions show no significant Ag concentration penetration into bulk SiC. 
 

 

 
Figure 2.11 SIMS depth profiles of Ag in SiC for polycrystalline 3C-SiC 5×1014 ions/cm2 AI followed by 
1569ºC 5-20 hours isothermal exposures.  An extension of the Ag concentration is measured in bulk SiC 
past the primary implantation peak for all conditions with the magnitude of penetration dependent on 
exposure time. 
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Figure 2.12 SIMS depth profiles for implantation dose comparison of Ag in SiC for polycrystalline 3C-
SiC 1×1014 ions/cm2 AI followed by 1535ºC 10 hours and polycrystalline 3C-SiC 5×1014 ions/cm2 AI and 
1535ºC 10 hours exposures. An extension of the Ag concentration is measured in bulk SiC past the 
primary implantation peak for both implantation conditions. 
 

2.3 Discussion of Measured Ag Transport 

2.3.1 Defects Contributing to Non-equilibrium Diffusion 
 
The SIMS observations from both 4H-SiC single crystal and 3C-SiC polycrystalline 

diffusion couples imply residual point defects from the ion implantation influence the measured 
Ag profiles after thermal exposure. This effect is manifested as enhanced diffusion relative to 
thermal diffusion. The following section discusses the nature of the observed diffusion based on 
the SIMS and STEM analysis. Discussion focuses primarily on the analysis of the single crystal 
4H-SiC samples as the single crystal nature of the microstructure isolates the contributions from 
grain boundary effects.  

The diffusion coefficient, D, for equilibrium impurity diffusion is described by an 
Arrhenius relationship shown in Equation 2.1. In Equation 2.1, Do (m2/s) is a pre-exponential 
term which describes the physical nature of the diffusion mechanism, k is Boltzmann’s constant 
(eV/K), T is temperature (K) and Q is the activation energy (eV). The activation energy, Q, is 
composed of a migration energy barrier, Em, and a formation energy barrier, Ef . Here Em, in 
general terms, describes the energy barrier for a specific mechanism to proceed forward, while Ef 
describes the probability that a specific defect is present to participate in the diffusion process. 
The activation energy, Q, is approximated as the sum of both Em and Ef. 

 

Equation 2.1       ࡰ ࢖࢞ࢋ࢕ࡰ	= ቀିࢀ࢑ࡽቁ 
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In simple cases, enhanced diffusion can occur from irradiation effects when non-
equilibrium point defect concentrations contributing to the diffusion mechanism are present after 
implantation. Under enhanced diffusion conditions resulting from non-equilibrium point defects, 
the activation energy for diffusion is not dependent on Ef and is dominated by Em and trapping 
effects [9]. When trapping effects are limited, the enhanced diffusion coefficient, Denh

, is 
increased proportionally to the concentration of non-equilibrium point defects remaining after 
implantation where the barrier to diffusion becomes dominated by Em for the specific 
mechanism. Equation 2.2 demonstrates this principle for a specific mechanism, in this example, 
a direct interstitialcy diffusion mechanism [10]. In Equation 2.2, Denh., is the enhanced diffusion 
coefficient, [AI], is the impurity interstitial concentration, [AI

eq.] is the equilibrium impurity 
interstitial concentration and DA

eq. is the equilibrium diffusion coefficient. [AI
eq.] depends on the 

Ef, as described by Equation 2.3 [11], leading to the enhanced diffusion coefficients dependence 
on Em. 

 

Equation 2.2      ࢎ࢔ࢋ࡭ࡰ. = .ࢗࢋ࡭ࡰ  ൧.ࢗࢋࡵ࡭ൣ[ࡵ࡭]
 

Equation 2.3    ൣࢗࢋࡵ࡭.൧ 	≈ ࢙ࢋ࢚࢏࢙	࢚ࢉࢋࢌࢋࢊ	# ൗࢋ࢓࢛࢒࢕࢜	࢚࢏࢔࢛ 	× ࢀ࢑ࢌࡱቀି	࢖࢞ࢋ ቁ 

 
For enhanced diffusion to be active after ion implantation, residual point defects must be 

present. Residual point defects generated during implantation are expected to be present in the 
SiC substrate after the implantation process at 300oC in this study and as such would be available 
to contribute to enhanced diffusion. However, the availability of specific defects is expected to 
vary as self-interstitials and vacancies have different annealing temperatures in SiC. The 
annealing temperatures of vacancies in the Si and C sublattices are expected to be 800oC and 
450-500oC, respectively [12]. The corresponding migration barriers, Em, for vacancy motion are 
5.2-6.5 eV for Si sublattice vacancies, VSi, and 3.5–5.2 eV for C sublattice vacancies, VC [12]. 
The effective diffusion length for intrinsic vacancy diffusion is estimated from x = √ݐܦ, where x 
is an approximation of the diffusion length scale. For the implantation conditions, ~40 min 
implantation at 300oC, the effective vacancy diffusion length are ~4.3×10-26 nm and ~1.5×10-29 
nm using reported diffusion coefficients of VC and VSi, respectively [13-15]. This highlights the 
limited vacancy mobility at 300oC. The picture of remaining interstitials generated by 
implantation damage is less clear. The insight on the nature of self-interstitials in SiC as 
determined by ab initio simulations suggest several interstitial configurations are possible 
[16],[13]. The mobility of self-interstitial defects is expected to be greater than vacancies in SiC. 
The expected prevalent migration pathway for C interstitials is associated with a Em between 
0.91–1.68 eV [12] while the barrier for Si self-interstitial diffusion is expected to range from 3.4-
3.56 eV [12],[17]. A comparison of the magnitude of the Em for vacancies and interstitials 
suggests that Si self-interstitials may remain after implantation as the Em is equivalent to the low 
end of the C vacancy Em, which corresponds to a defect annealing temperature of 450-500oC. 
The Em of C self-interstitials is ~2 eV lower, implying that the defects are likely mobile at 300oC 
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and may anneal out. The energetics of defects formed by the implantation process suggests 
excess point defects, notably Si and C vacancies and Si self-interstitials, are available to 
participate in the Ag diffusion process after the implantation is halted. 

The nature of the implantation induced point defects for the Ag-SiC system is not 
explicitly known, and as such direct confirmation of the mechanism responsible for the Ag 
diffusion in 4H-SiC and initial diffusion in 3C-SiC (as indicated by the 1500oC 10 and 20 hour 
samples) is not possible. No direct measurement of the nature of the impurity Ag after 
implantation has been made in this study. A previous ion implantation study by Xiao et al. [8] 
reported that implanted Ag exists interstitially after implantation at 377ºC as determined by RBS 
channeling experiments. Alternately, ab initio simulations by Schrader et al. [16] suggest the 
most stable Ag defect in the lattice is the AgSi-VC

-1 complex, implying Ag prefers to sit in a 
complex-substitutional site after implantation. TEM analysis indicates trapping of implanted Ag 
at end-of-range large scale defects, as shown in Fig. 2.3 and Fig. 2.4, which are formed due to a 
super-saturation of point defect in the primary implantation peak.  

The distributions of implantation induced vacancy and self-interstitial point defects are 
expected to vary as a function of depth in the implanted substrate. Excess vacancies are expected 
to be present in the regime from the surface to the projected end-of-range and excess interstitials 
begin to dominate beyond the projected end-of-range [18, 19]. In Si substrate implantations, this 
difference in point defect populations is expected to influence enhanced impurity diffusion [20]. 
The observed Ag diffusion, associated with the Ag concentration minima in the single crystal 
4H-SiC depth profiles, occurs in the regime where there is excess of interstitials. This suggests 
that excess vacancies provide sufficient trapping sites to immobilize implanted Ag from the 
implantation surface to the end-of-range. The redistribution of Ag past the transition from excess 
vacancies to excess interstitials implies that the observed Ag diffusion is dependent on mobile 
interstitials. The secondary segregation peak occurs beyond the primary implantation peak and is 
expected to be the result of Ag gettering at implantation induced impurity sinks in the irradiated 
substrate. This implantation induced gettering in the trans-end-of-range region has been observed 
in Si ion implantations and is attributed to trapping of mobile interstitials at small interstitial 
features [21-23]. The suggested dependence of the observed enhanced Ag diffusion on the 
vacancy and interstitial populations provides evidence for two potential mechanisms: direct 
interstitial diffusion and a kick-out diffusion mechanism.  

2.3.2 Discussion of Mechanisms Contributing to Enhanced Diffusion 
 

A direct interstitial diffusion mechanism describes the scenario where implanted Ag 
resides interstitially after implantation, as suggested by Xiao et al. [8]. Here, the excess 
implanted Ag interstitials would be expected to be mobile at the exposure temperatures until 
reaching an interstitial sink, due to the expected low Em for Ag interstitials, ~0.89 eV [16]. This 
would account for the observed bi-modal distribution as an increased sink density is present at 
the near-surface due to excess vacancies, at the end-of-range implantation peak due to large scale 
defects, and in the region past the primary peak (trans-end-of-range defects). 
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In the simplified kick-out process an excess self-interstitial (I) replace an Ag 
substitutional atom (AgS) yielding a Ag interstitial atom (AgI), shown in Equation 2.4. The Ag 
interstitial is then available to diffuse by a direct interstitial mechanism or by the reverse 
reaction. However, this simplified process is likely more complicated in SiC due to the multiple 
sublattices and the presence of anti-site defects. 

 
Equation 2.4     ݃ܣ௦ + ܫ ⇔  ூ݃ܣ
 

Based on Equation 2.2 impurity diffusivity is dictated by the Ag impurity concentrations, 
which are coupled to the self-interstitial concentration. For systems where the kick-out 
mechanism is active, under equilibrium conditions the concentration of substitutional impurities 
can be significantly greater than that of the interstitial impurities, however, the vacancy 
diffusivity can be much lower than the interstitial diffusivity [24]. This holds for the energetics 
of Ag defects in SiC where Ef is lower for substitutional defects compared to interstitials and Em 
of interstitials is expected to be lower than Em of substitutional defects [16]. Thus after 
implantation, the kick-out mechanism effectively mobilizes a non-equilibrium fraction of the 
implanted impurity atoms leading to enhanced diffusion. 

For the kick-out mechanism, [AgI] cannot be estimated directly as insight on the reaction 
constant for Equation 2.4 must be known in addition to trapping effects. We define the “+1 
model” as one that assumes a self-interstitial, I, is formed for every incident ion [25]. Assuming 
the reaction in Equation 2.4 proceeds completely to the right (with limited trapping effects), an 
upper bounds estimate of [AgI] ~1×10-4 to 1×10-8 can be made from the +1 model.  The same 
estimate for [AgI] is also obtained if we assume all implanted Ag resides interstitially after 
implantation. The estimated value for [Ageq.

I] is ~1×10-30 at 1500ºC based on the Ef ~ 10.49 eV 
from ab initio calculations [16]. This equates to a [AgI]/[Ageq.

I] ~ 1×1022-26, leading to a 
proportional increase in Denh .and represents an upper bound in the magnitude of Denh. (as the role 
of trapping is not considered). The single crystal 4H-SiC depth profiles indicate that the mobile 
point defects are annealed out after 1500ºC at 10 hours. A lower bound on Denh. is estimated 
from the observed diffusion length from the Ag concentration minima to the trans-end-of-range 
peak of ~100 nm. The estimated lower bound of Denh. for the shortest exposure time (1625ºC for 
1 hour) is  ~1×10-18 m2/s. This value is reasonable in comparison to the calculated DAg for 
interstitial lattice diffusion from ab initio simulation of ~2.5×10-30 m2/s at 1625ºC as it represents 
an ~1×1011 increase in DAg, which is below the estimated bound for Denh. 

Ultimately, the extent of the enhanced diffusion and responsible mechanism observed in 
single crystal 4H-SiC exposures is unknown due to a limited understanding of the residual point 
defects after implantation and magnitude of the specific defect concentrations. However, the 
correlation of the damage profile with bi-modal Ag redistribution indicates the non-equilibrium 
interstitial point defects, which remain after ion implantation, contribute to the observed 
diffusion of Ag in single crystal 4H-SiC. The constant Ag concentration profile past the primary 
peak at 1569ºC for 5, 10, 20 hours exposures for single crystal 4H-SiC implies that the 
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redistribution was due to the annealing out of a finite mobile point defect population which is 
indicative of an enhanced diffusion by ion implantation [10]. 

2.3.3 Diffusion Analysis of Polycrystalline 3C-SiC Diffusion Couples 
 

The time and temperature dependence of the Ag profiles in the polycrystalline 3C-SiC 
diffusion couples allowed for analysis of the diffusion kinetics of the system. For ion 
implantation diffusion experiments, the main implantation peak serves as a constant source 
approximation when the peak concentration is greater than the solubility limit, S(T), of the 
system. A modified expression for diffusion dependence of ion implanted impurity species is 
presented in Equation 2.5. In Equation 2.5, Co is the concentration at which the impurity species 
extends into the bulk, do is the depth at which the impurity concentration deviates from the 
implantation peak at Co, d is the depth at C(d,t), t is time in seconds of the thermal exposure, and 
D is the diffusion coefficient [26]. 

 

Equation 2.5     ࡯ = ࢉࢌ࢘ࢋ࢕࡯ ቀ࢕ࢊିࢊ√૝࢚ࡰቁ  

 
The magnitude of the Ag concentration penetration “tail”, Co, was estimated by 

extrapolating a linear fit of the Ag concentration “tail” in the bulk to the primary implantation 
peak. Table 2.2 shows the magnitude for the observed Ag penetration, Co, for each implantation 
sample.  
 
Table 2.2 Co values for polycrystalline 3C-SiC diffusion profiles 

Time Dose 1535°C 1569°C 1625°C 

1 hour 
5×1014 cm-2 - - 

6.47±0.57×1016 
at/cm3 

1×1014 cm-2 - - - 

5 hours 
5×1014 cm-2 - 

6.33±0.83×1016 
at/cm3 

- 

1×1014 cm-2 - - - 

10 hours 
5×1014 cm-2 

6.13±0.43×1016 
at/cm3 

6.26±0.69×1016 
at/cm3 

- 

1×1014 cm-2 
4.81±0.43×1016 

at/cm3 
- - 

20 hours 
5×1014 cm-2 - 

6.03±0.70×1016 
at/cm3 

- 

1×1014 cm-2 - - - 
 

Diffusion coefficients for Ag in polycrystalline 3C-SiC, DAg, were estimated from the 
exposures above 1535°C, as at 1500°C no change in Ag profile was observed due to thermal 
diffusion, by numerically solving Equation 2.5 using the Co values in Table 2.2. Estimated values 
for DAg from the SIMS profiles are presented in Table 2.3. Fitting the DAg to an Arrhenius 
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relationship, Equation 2.1, using a least squares fit equates to an activation energy, Q, of 
5.89±0.99 eV and a pre-exponential term, Do of 2.08x10-1 m2/s. The range of the pre exponential 
term error is 4.04×10-4 to 1.07×102 m2/s. Error is estimated from the standard deviation of the 
linear regression fit. 

 
Table 2.3 Estimated Ag diffusion coefficients in SiC (DAg) from SIMS diffusion profiles 

Time Dose 1535°C 1569°C 1625°C 

1 hour 
5×1014 cm-2 - - 5.17±0.56×10-17 m2/s 
1×1014 cm-2 - - - 

5 hours 
5×1014 cm-2 - 1.40±0.42×10-17 m2/s - 
1×1014 cm-2 - - - 

10 hours 
5×1014 cm-2 9.72±8.63×10-18 m2/s 1.27±0.19×10-17 m2/s - 
1×1014 cm-2 8.19±1.92×10-18 m2/s - - 

20 hours 
5×1014 cm-2 - 1.41±0.15×10-17 m2/s - 
1×1014 cm-2 - - - 

Average 8.95×10-18 m2/s 1.36×10-17 m2/s 5.17×10-17 m2/s 
Error ±4.42×10-18 m2/s ±1.63×10-18 m2/s ±5.62×10-18 m2/s  

 
SIMS depth profiling in the polycrystalline 3C-SiC substrates gives rise to the possibility 

that the observed Ag penetration is due to SIMS artifacts from preferential sputtering and 
roughness effects. The peak-to-valley roughness of the SIMS crater surface is an indication of 
the magnitude of the crater surface roughness. Peak-to-valley roughness was measured by optical 
profilometery to be 0.05±0.02 µm. This correlates to penetration depths ~4-13 times greater than 
the peak-to-valley roughness as measured at the reference Ag concentration of 2×1016 at/cm3 
past the AI profile for 1500-1625ºC. Additionally, the peak-to-valley roughness did not correlate 
with measured Ag concentration penetration differences observed in the isothermal 1569ºC 
comparison, implying that the variation in observed Ag penetration is not primarily due to a 
SIMS artifact. 

Additional caution is noted for the diffusion analysis in this study as the contributions of 
enhanced diffusion from annealing of excess point defects during the initial stages of Ag defect 
diffusion are unknown and will likely influence the observed diffusion. Furthermore, secondary 
diffusion phenomena associated with peak broadening may also influence the diffusion analysis 
of Co. The contribution of these effects on the diffusion analysis error is not explicitly known. To 
mitigate concerns about the influence of implantation effects, higher temperatures and longer 
annealing times should be investigated to drive diffusion lengths past the primary implantation 
peak and the magnitude of the Ag penetration to concentrations above the influence of the 
enhanced Ag diffusion and SIMS detection limits. 
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2.3.4 Discussion of Diffusion in Polycrystalline 3C-SiC: Role of Microstructure 
 

Comparison of the change in Ag concentration past the primary implantation peak 
between the single crystal 4H-SiC and polycrystalline 3C-SiC substrates suggests polycrystalline 
3C-SiC accommodates excess Ag and facilitates impurity diffusion into bulk SiC. Ideally, the 
single crystal 4H-SiC substrate serves to isolate lattice diffusion contributions while the 
polycrystalline 3C-SiC substrate serves to mimic the TRISO fuel layer by introducing GB 
diffusion to contribute to Ag transport.  

The absence of Ag extending into bulk SiC in the single crystal 4H-SiC substrates 
suggests that Ag is not accommodated in single crystal SiC above the detection limits of the 
SIMS analysis technique (1×1015 at/cm3), whereas an extension of the Ag concentration is 
observed at approximately 4-7×1016 at/cm3 for the polycrystalline 3C-SiC substrates. In the 
single crystal 4H-SiC substrates implanted defects are annealed out after 1500ºC 10 hours. The 
extension of Ag into the bulk of the polycrystalline 3C-SiC and similar diffusion profiles for the 
polycrystalline 3C-SiC 5×1014 ions/cm2 1500ºC 10 and 20 hours exposures suggests that GBs act 
as Ag impurity sinks for the mobile implanted Ag defects during the initial stages of the thermal 
annealing, while the presence of GBs facilitates measurable impurity diffusion above 1535ºC. 
No experimental values of the solubility limits of Ag in single crystal or polycrystalline SiC are 
reported in literature. Solubility limits, S(T), for impurities with atomic numbers greater than 37, 
have a maximum value of 2.5×1017 at/cm3 at temperatures greater than 2150ºC [1]. The 
observation of S(T) < 1×1015 at/cm3 for the single crystal 4H-SiC substrate follows this trend. 
The presence of GBs likely accounts for an increase in the S(T) of the system as Ag is expected 
to strongly segregate to GBs with an estimated GB segregation factor, s, of ~1×108 at 1500ºC 
where s is defined as the ratio of the impurity concentration at the GB to the impurity 
concentration in the lattice [11]. This analysis implies that most Ag is expected to be segregated 
to GBs. Electron backscatter diffraction analysis of the polycrystalline 3C-SiC substrate in this 
study estimated the total GB volume fraction to be ~4×10-4. Under a bounding condition of 
complete GB saturation, an upper estimate for S(T) of ~4×1019 at/cm3 is possible. The measured 
Co for the observed Ag concentration penetration correlates to Ag GB concentration of 
approximately 0.1 at% and a bulk Ag concentration << 1×1015 at/cm3, for s ~ 1×108. For both 
scenarios the peak implanted Ag concentration is above the expected S(T) of the 4H-SiC and 3C-
SiC systems implying that the constant source approximation assumed in Equation 2.5 was 
satisfied. 

The presence of GBs implies that the measured Ag penetration in 3C-SiC is due to GB 
diffusion and is more significant than impurity lattice diffusion. This conclusion is supported by 
experimental observations, which suggest C self-diffusion along GBs in polycrystalline 3C-SiC 
is 5-6 orders of magnitude faster than lattice diffusion [14] and ab initio results which suggest 
DAg along Σ3 GBs is greater by 10 orders of magnitude than lattice diffusion [11]. Again, this 
analysis suggests the observed diffusion in polycrystalline 3C-SiC is due primarily to GB 
diffusion, however, other microstructural features may contribute to the observed diffusion, 
including differences in dislocation density, stacking fault density, and extrinsic defect 
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populations. The presence of stacking faults (SF) and GBs are confirmed in the BF-TEM 
analysis of the polycrystalline 3C-SiC substrates (Fig. 2.3), while no such features are observed 
in the BF-TEM analysis of the single crystal 4H-SiC substrates (Fig. 2.4). 

 

2.3.5 Comparison of Ag Diffusion Energetics with Literature 
 

Table 2.4 shows a comparison of the pre-exponential term, Do, and activation energy, Q 
from ion implantation studies, computational studies, release from TRISO fuel and self-diffusion 
in of Si and C in polycrystalline 3C-SiC. Figure 2.13 graphically illustrates the magnitude of the 
reported diffusion coefficients.  

 
Table 2.4 Do and Q values for Ag/SiC diffusion and Si and C tracer self-diffusion from ion implantation, 
computational simulations, and TRISO release.  

Type Mechanism Do (m2/s) Q (eV) Note Ref. 
This work GB* 2.08×10-1 5.89±0.99 *Exact mechanism 

unknown 
- 

Implantation GB 4.30×10-12 2.50  [5] 

Implantation Lattice D <1×10-21 Upper bound (1400ºC) [5] 

Implantation GB 2.40×10-9 3.43  [6] 

Implantation --- D < 5×10-21 Upper bound (1500ºC) [27] 

Simulation Lattice 6.30×10-8 7.88 Fastest calc. mechanism [16] 

Simulation GB  1.60×10-7 3.95 (210) Σ3 tilt GB, fastest 
mechanism along [01ത1] 

[11] 

Simulation GB  - 3.35±0.25 (120) antiphase Σ5 tilt GB [28] 

TRISO Release - D > 1×10-16 Lower Bound (1500ºC) [29] 

TRISO Release - 6.76×10-9 2.21  [30] 

TRISO Release - 4.50×10-9 2.26  [31] 

TRISO Release - 9.60×10-6 4.22 “Good SiC” [32] 

TRISO Release - 4.50×10-5 4.16 “Medium SiC” [32] 

TRISO Release - 2.50×10-3 4.24 “Poor SiC” [32] 

TRISO Release - 3.60×10-9 2.23  [33] 

TRISO Release - 6.80×10-11 1.83  [34],[35] 

TRISO Release - 3.50×10-10 2.21  [36] 

TRISO Release - 1.14×10-13 1.13  [37] 

Tracer  Lattice 2.62±1.83×104 8.72±0.14 C Self-Diff. [14] 

Tracer GB 4.44±2.03×103 5.84±0.09 C Self-Diff. [14] 

Tracer Lattice 8.36±1.99×103 9.45±0.05 Si Self-Diff [15] 
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Figure  2.13 Comparison of diffusion coefficients, DAg, in SiC from surrogate experiments, release from 
TRISO fuel, computational simulations, and this work. Si self-diffusion, C self-diffusion, and C grain 
boundary self-diffusion coefficients are presented for reference. The shaded régime represents DAg with Q 
= 1.13-2.26 eV and is associated with historic Ag release measurements from TRISO fuel. 
 

The Si and C lattice self-diffusion coefficients and the C GB self-diffusion coefficient 
bracket the estimated DAg from this study, while the calculated activation energy of 5.89±0.99 eV 
is similar to that of C self-GB diffusion [14]. This comparison suggests a similar mechanism may 
be active for the observed Ag diffusion. Additionally, the magnitude of DAg in this work is 
approximately one order of magnitude greater than the reported effective DAg for GB diffusion 
along Σ3 GBs [11]. The observed deviation may be accounted for in that diffusion along Σ3 GBs 
is expected to be a limiting case relative to diffusion along general GBs. With Σ3 GBs 
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representing limiting GB diffusion pathways, contributions from additional GB types, namely 
high angle grain boundaries, could possibly lead to an increased effective DAg [38]. An increase 
in the effective DAg for GB dependent diffusion with the inclusion of additional GB types is 
supported by the findings of Rabone et al. [28] who report a DAg along Σ5 GBs approximately 
two to three orders of magnitude greater than the fastest mechanism along the Σ3 GB [11]. 
Because the DAg measured in this work is an average of all GB types present in the SiC layer, the 
inclusion of general GBs would be expected to increase the effective DAg over the calculated DAg 
for the Σ3 GB. These observations give additional validation to the measured Ag diffusion being 
dominated by GB diffusion. 

The root of the deviation in Q between the experimental work reported here and GB 
diffusion simulation results reported in the literature is not explicitly known. The variation may 
be accounted for by the influence of microstructural defects (such as defect trapping, GB 
segregation, and GB character effects), implantation effects, and the contributions from multiple 
potential contributing diffusion mechanisms (dislocations, SFs, GBs). The cumulative influence 
of these effects is captured by the SIMS depth profiling technique employed in this study. 
Anisotropy effects may also contribute to the variation as the reported Q for Ag diffusion along 
the Σ3 GB is reported to vary as a function of direction along the GB plane, with Qeff. for the 
fastest mechanism along the [111] direction equal to 7.56 eV compared to 3.95 eV for the fastest 
mechanism along the [0-11] direction [11]. Additionally, in this work diffusion analysis at short 
thermal exposures may be influenced by the initial rapid irradiation enhanced diffusion from the 
annealing out of ion implantation induced defects as observed in the single crystal 4H-SiC 
conditions. This effect may lead to an overestimation of DAg as the depth profile may be 
dominated by the initial rapid enhanced diffusion at short time scales before thermal diffusion 
dominates and influencing the magnitude of Q. This effect would lead to a possible elevated 
calculation of Q in this study, as the 1625°C 1 hour exposure, was the only condition with a 
“short thermal exposure time”. 

 

2.3.6 Comparison of Diffusion Energetics with TRISO Fuel Release 
 

The reported activation energies, Q, for TRISO fuel release range from 1.13-2.26 eV, as 
presented in Table 2.4 (see table for citations). The work by Bullock [32] represents a deviation 
from the historical release data and reports a Q ranging from 4.16-4.24 eV with Do varying from 
9.60×10-6 to 2.50×10-3 m2/s based on the perceived quality of the SiC layer. The variation in 
magnitude and energetics between these TRISO release studies and the surrogate systems, which 
includes this work, suggest the observed diffusion responsible for release in actual TRISO fuel is 
augmented relative to the Ag diffusion observed in surrogate systems. The magnitude of reported 
DAg in this work is approximately one to three orders of magnitude lower relative to the reported 
DAg from historic TRISO fuel release, and other surrogate studies report similar deviations in 
magnitude of measured DAg [5, 6, 11]. The difference in reported diffusion coefficients and 
energetics implies a significant variation between diffusion behavior of the observed diffusion in 
TRISO fuel and the observed diffusion studied in surrogate systems. A first order approximation 
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attributes the observed discrepancies to the inherently complex irradiation effects present TRISO 
fuel service.  

In this work, enhanced Ag diffusion was observed in single crystal 4H-SiC under 
conditions expected to be interstitial rich, while the implantation enhanced diffusion was 
observed to be limited in regimes with excess vacancies and high interstitial sink densities. The 
variation in behavior is likely dependent on the nature of non-equilibrium point defects and 
defect sink density. The microstructure of neutron and self-ion irradiated SiC varies as a function 
of temperature and dose [39] and at elevated temperatures, ~1200ºC, the defect density decreases 
with a corresponding mean defect size increase [40]. This suggests a complex microstructure 
with varying defect sink densities and point defects populations exists over the life-time of the 
TRISO irradiation. STEM analysis of the SiC layer in irradiated TRISO fuel particles identified 
fission products segregated to nano-scale features in the interior of SiC grains [41], suggesting 
diffusion of fission products into the SiC grain interior. A comprehensive understanding of the 
residual point defects and irradiated SiC microstructure is not fully presented for the irradiated 
TRISO SiC in Ag release studies. However, this study indicates that parallels may exist between 
the observed implantation enhanced Ag diffusion and Ag diffusion measured from TRISO fuel 
release. This implies the potential for enhanced lattice diffusion to contribute to Ag release under 
irradiation conditions where excess non-equilibrium point defects are present and able to 
contribute to diffusion. 

The suggested GB diffusion in polycrystalline 3C-SiC presents an alternative or co-
operative mechanism to describe the deviation between TRISO release and surrogate systems. 
The comparison of single crystal 4H-SiC and polycrystalline 3C-SiC implantation samples 
confirms Ag segregates to GBs and because point defects are stable in GBs the same opportunity 
for irradiation enhanced diffusion exists. Recent STEM/EDS studies of the SiC layer of TRISO 
fuel from the AGR-1 irradiation campaign has identified Ag and other select fission products 
segregating to GBs and triple points [42]. This suggests SiC grain boundaries play a role in 
accommodating Ag and may serve as diffusion pathways. Additionally, modification of the local 
GB structure through the nucleation of cavities at GBs has been observed for Si self-ion 
irradiations [40]. Similar modification of the GB structure in the SiC layer of TRISO fuel may 
influence the effective diffusion length scale for Ag release. These effects may result in the 
observed higher DAg for TRISO release relative to surrogate experiments. 

2.4 Summary of Observations 
 

The use of SIMS for depth profiling of Ag/SiC ion implantation diffusion couples 
provided an increased dynamic range allowing for the identification of multiple diffusion 
régimes not previously observed. This aspect was critically important when considering the 
physical constraints on the Ag/SiC system such as solubility limits of Ag in SiC. Ag diffusion 
was observed to be active via enhanced diffusion of implantation-induced defects in the single 
crystal 4H-SiC single crystal substrates under perceived interstitial rich conditions, while thermal 
diffusion past the primary implantation peak was measured in the polycrystalline 3C-SiC 
substrates. The comparison of single crystal 4H-SiC and polycrystalline 3C-SiC diffusion 
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couples confirmed that GBs act as Ag impurity sinks and suggests that GB diffusion contributed 
to the observed diffusion in the polycrystalline 3C-SiC substrate. The magnitude and energetics 
of the suggested GB diffusion implies impurity diffusion in annealed, ion-implanted 
polycrystalline 3C-SiC does not account for the measured Ag release from TRISO fuel as 
determined from Ag release experiments. This observation, coupled with the measured 
implantation-enhanced diffusion in single crystal 4H-SiC, suggests that irradiation effects likely 
contribute in some capacity to the Ag release. The observations in this work also provided 
additional confirmation of active Ag diffusion in polycrystalline 3C-SiC and presented new 
insights on enhanced Ag diffusion in single crystal 4H-SiC suggesting irradiation enhanced 
lattice diffusion may also contribute to Ag release in the TRISO fuel system. 
 
 
3 Diffusion Studies in Irradiated SiC 

3.1 Overview of Ag Diffusion in Irradiated SiC 
 
While diffusion coefficients measured in laboratory diffusion couple experiments [6, 43, 44] 

are in a very good agreement with values predicted by computer simulations [16, 45-47], these 
diffusion coefficients are orders of magnitude lower than those observed in actual fuel release 
experiments [32, 37, 48, 49]. The reason(s) for these discrepancies is not explicitly known, but 
one important difference between the in-pile and out-of-pile experiments is the presence of 
radiation in the former measurements. The effect of radiation damage on Ag release has been 
hypothesized in previous studies [6, 49-52], yet the magnitude of the enhancement and the 
mechanism remain largely unknown.  

As discussed in section 2.3.1 and 2.3.2, evidence shows that radiation defects induced by Ag 
implantation caused enhanced Ag diffusion in single crystal 4H-SiC. However, the main purpose 
of implantation in diffusion couple experiments described earlier was to introduce Ag into SiC 
and therefore the radiation damage produced was short-ranged and not intentionally controlled. 
Furthermore, the implantation temperatures in those studies (room temperature to 600°C) are 
also different from the operating temperatures of TRISO particles (800°C to 1400°C [53]), which 
may result in different types of radiation-induced defects between the two temperature ranges. 
Connell et al. [51] investigated transport of Ag-Pd mixture in well-controlled neutron irradiated 
3C-SiC and showed that Ag-Pd transport was significantly enhanced in the high temperature and 
high dose irradiated samples. However, it remains unclear whether these conclusions are valid 
for Ag diffusion in the absence of Pd. 

In this section, two approaches are introduced to better understand the radiation effects on 
Ag diffusion in SiC. The first one is well controlled diffusion couple experiment with pre-
irradiated SiC to quantitatively investigate the effects of carbon ion irradiation. The second 
approach is a STEM post irradiation examination of neutron irradiated TRISO fuel particle to 
unveil the most possible release mechanism. 
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3.2 Effect of Carbon Ion Irradiation on Ag/SiC Diffusion Couple Experiment 

3.2.1 Materials and Method 
The same polycrystalline CVD 3C-SiC and single crystal 4H-SiC as described in section 

2.1.1 were used in this study. Before carbon ion irradiation, samples were polished to an 
arithmetic surface roughness (Ra) of less than 10 nm using successively finer diamond polishing 
media culminating in a final polishing step with 0.05 µm colloidal silica. We prepared three 3C-
SiC and three 4H-SiC bulk samples. For each type of material, two samples were subjected to 
carbon ion irradiation to introduce radiation damage, and the third unirradiated bulk sample was 
used as a reference (control) system. Carbon ion irradiation was conducted at the University of 
Wisconsin-Madison Ion Beam Laboratory (UW-IBL). Samples were irradiated at 950°C with 
3.15MeV C2+ beam using a tandem accelerator equipped with Source of Negative Ions via 
Cesium Sputtering (SNICS). The irradiation current was ~2.5µA and the total fluence was 
1.1×1017 ions/cm-2. Following this, both C2+ irradiated and unirradiated 3C-SiC samples were 
simultaneously implanted with 400keV Ag+ at 300°C to a dose of 5×1014 ions/cm-2 at the 
Michigan Ion Beam Laboratory (MIBL). Similarly, the irradiated and unirradiated 4H-SiC 
samples were simultaneously implanted with 400keV Ag2+ at the same temperature and dose at 
the INNOViON Corporation. Following Ag implantation, a ~220 nm thick diamond-like-carbon 
(DLC) films were deposited on the surface of the samples for surface protection during 
subsequent high temperature exposures. The DLC films were deposited using the plasma 
immersion ion implantation and deposition (PIIID) process [54] at the University of Wisconsin, 
Madison. Deposition was performed using the acetylene plasma generated by the glow discharge 
method at a pressure of 12 mTorr, and at near-room temperature.  

After Ag implantation, individual samples (each approximately 8 mm × 8 mm in size), were 
cut from the bulk control and carbon ion irradiated samples for thermal exposures at various 
temperatures and times, as listed in Table 3.1. Detailed procedures of thermal exposure are 
described in Section 2.1.2. Here, the irradiated and unirradiated samples were sealed in the same 
quartz tube during thermal exposure to ensure that they have the same temperature history. After 
thermal exposure, samples were investigated by SIMS to understand the change in Ag 
concentration profile as a function of depth. Details for SIMS analysis are described in Section 
2.2.1. 
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Table 3.1 Thermal exposure conditions for various diffusion couples. 

Temperature 1400 oC 1500oC 1535oC 1569oC 

Time  

C2+ irradiated 
3C-SiC 

- 
10 hours 10 hours 

5,10,20 
hours 

Unirradiated 
3C-SiC 

- 
10 hours 10 hours 10 hours 

C2+ irradiated 
4H-SiC 

10 hours 
10 hours - 1,10 hours 

Unirradiated 
4H-SiC 

10 hours 
10 hours - 10 hours 

  

3.2.2 Radiation/Implantation Damage 
 
Figure 3.1 shows the distribution of radiation damage in an irradiated 3C-SiC sample after 

1569°C thermal exposure. STEM analysis was performed using a 300kV Technai TF-30 at the 
University of Wisconsin-Madison Materials Science Center. STEM samples were prepared by 
traditional focused ion beam (FIB) lift-out techniques using a Zeiss Augria FIB/SEM. FIB lift-
out technique provided cross-sectional TEM samples of the SiC structure along the implantation 
and diffusion directions. SRIM code [55] was used to calculate the damage profile. In these 
calculations we assumed SiC density of 3.21 g/cm3 and threshold displacement energies of 35 
and 20 eV for Si and C, respectively. The calculated SRIM profile is overlaid with STEM image 
in Figure 3.1. 

The visible radiation damage extends to the distance of approximately 2750 nm from the 
implantation surface. This damage consists of both black spot defects (BSD) and dislocation 
loops, an observation   that is consistent with other reports [56]. The amount of damage increases 
with implantation depth and has an approximately 250 nm wide highly damaged band at the end-
of-range. The difference between damage range predicted by SRIM (2550 nm) and the one 
measured experimentally (STEM visible damage range, approximately 2750 nm) is 
approximately 7.8%, indicating that the SRIM prediction is applicable in this study.  Selected 
Area Electron Diffraction (not shown here) carried out on as-irradiated samples and on irradiated 
and Ag-implanted samples showed no evidence of amorphization within the entire 
irradiation/implantation range.  
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Figure 3.1 STEM image showing the range of radiation induced damage in a C2+ irradiated 
polycrystalline 3C-SiC followed by Ag implantation and thermal exposure at 1569oC for 20hours, 
overlaid with damage profile calculated using SRIM software. 

 

3.2.3 SIMS Profiles 
 
Figure 3.2 shows Ag concentration profiles for unirradiated 3C-SiC samples exposed for 

10 hours to a constant temperature (different for each sample) in the range 1500-1569°C. The Ag 
concentration in all exposed samples is observed to penetrate into the bulk SiC past the AI peak, 
indicating thermal diffusion of Ag into SiC. This penetration depth for unirradiated 3C-SiC 
samples was determined to be approximately 0.41 µm at 1500°C, and 0.64 µm at 1535°C and 
1569°C.  

 Figure 3.3 shows the Ag depth profiles for irradiated polycrystalline 3C-SiC samples 
exposed to temperatures 1500-1569°C for 10 hours. Similar to unirradiated samples, Ag 
penetration “tail” is also observed in the samples that were first irradiated and then annealed. The 
Ag penetration depth determined for irradiated samples is approximately 2.08 µm for 1500°C 
and 1535°C, and 1.86 µm for 1569°C. These depths are significantly higher than those observed 
in an unirradiated sample. This result provides evidence that carbon ion irradiation enhances the 
diffusion of Ag in 3C-SiC.  As is discussed in Sections 2.2.3 and 2.3.4, for Ag implanted 
polycrystalline 3C-SiC at 1569°C from 5-20 hours, the Ag penetration depth increased with 
exposure time and this effect was suggested to be due to GB diffusion mechanism. The 
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penetration depths calculated from unirradiated 3C-SiC thermal exposed at 1569°C for 5, 10 and 
20 hours are 0.47, 1.07 and 1.58µm, respectively (Fig. 2.11). These depths are higher in the case 
of the irradiated 3C-SiC. Specifically, as shown in Figure 3.4, the Ag penetration depths in 
irradiated samples exposed at 1569°C for 5, 10 and 20 hours are approximately 1.36µm, 1.86µm 
and 1.92µm, respectively. It can be seen that the diffusion depth still shows time dependence, 
although the diffusion rate seems to slow down after 10 hours. This result indicates that a more 
complicated radiation enhanced diffusion mechanism is active in carbon irradiated 
polycrystalline SiC. 
 

 
 Figure 3.2 SIMS Ag profiles of as-implanted and isochronally annealed unirradiated polycrystalline 3C-
SiC. 
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Figure 3.3 SIMS Ag profiles of irradiated polycrystalline 3C-SiC, showing data for as-implanted and 
isochronally annealed samples. 
 

 
Figure 3.4 SIMS Ag profiles for irradiated polycrystalline 3C-SiC. Data is shown for as-implanted 
sample as well as for sample isochronally annealed at 1569°C for 5, 10, and 20 hours. 
 

The SIMS profiles determined in this study for unirradiated single crystal 4H-SiC samples 
are shown in Figure 3.5. These profiles also lack Ag penetration “tail” and show a bi-modal 
distribution, which is consistent with the SIMS profile of 4H-SiC in Section 2.2.3. While AI 4H-
SiC substrate has a singular Ag concentration peak in the diffusion profile at ~140 nm, all 
thermal exposed samples show a bi-modal Ag distribution with the primary peak remaining at 
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~140 nm and a secondary peak at ~500 nm (see inset in Figure 3.5). Interestingly, the secondary 
peak becomes more pronounced as the exposure temperature increases. This may indicate a weak 
defect annihilation at lower temperature (1400°C), which is driven by interstitial diffusion of Ag 
[44]. Within the implantation induced damage range, Ag mobility was enhanced by radiation 
damage, which led to the observed redistribution of Ag. 

  

  
Figure 3.5 SIMS Ag profiles of as-implanted and isochronally annealed unirradiated single crystal 4H-
SiC. 
 

 The SIMS profiles of irradiated single crystalline 4H-SiC are shown in Fig. 3.6. Figure 
3.6 (a) shows the Ag depth profiles for carbon irradiated samples exposed to temperatures 1500 
and 1569°C for 10 hours and Fig. 3.6 (b) shows Ag concentration profile for irradiated samples 
that were exposed at 1569°C for 1 and 10 hours. In all of our single-crystal 4H-SiC data we 
found no significant diffusion of Ag. Since radiation did not enhance Ag diffusion in 4H-SiC (in 
contrast to a significant radiation effect observed for 3C-SiC), one can conclude that the Ag 
transport in 3C-SiC is mediated by GB diffusion and this type of diffusion can be accelerated by 
radiation. For the C2+ irradiated single crystal 4H-SiC, a single peak is seen for all samples. 
Assuming that the bi-modal profile in thermally exposed unirradiated samples was due to the 
annealing of implantation induced defects in a confined region, it is plausible that the C2+ 
irradiation followed by Ag implantation introduced trapping sites at an effective enough density 
so as to immobilize the implanted Ag. A similar behavior of suppressed diffusion of boron near 
the damage region was reported in boron ion implanted Si [57] and SiC [58]. Further 
microstructural analysis will be needed to confirm the hypothesized origin of the bi-modal 
distribution. 
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Figure 3.6 SIMS Ag profiles of as-implanted and isochronally annealed irradiated single crystal 4H-SiC. 
The annealed samples were exposed (a) to different temperatures for a period of 10 hours and (b) to a 
temperature of 1569°C for different times.  
 
 By comparing SIMS profile results for 3C and 4H SiC, it could be concluded that the Ag 
transport is mediated by GB diffusion. To be more specific, for unirradiated samples, a clear Ag 
penetration was observed in 3C-SiC (Fig. 3.2), but not in 4H-SiC (Fig. 3.5). The results are 
similar for irradiated samples where Ag diffusion was only seen in 3C-SiC (Fig. 3.3) but not in 
4H-SiC (Fig. 3.6). In addition an enhancement of Ag diffusion is also observed in irradiated 3C-
SiC (Fig. 3.3) as compared to the unirradiated 3C-SiC sample (Fig. 3.2), indicating that GB 
diffusion can be accelerated by radiation.  

It should be noted that the polycrystalline SiC and single crystal SiC samples have different 
polytypes, which are 3C and 4H, respectively. However, we do not believe that the polytype will 
alter our conclusions for the following reasons: (i) diffusion through 3C and 4H is not expected 
to be significantly different because of the same short-range order in the two polytypes and, (ii) 
the polytype would primarily affect bulk diffusion. However, Ag diffusion through bulk has been 
shown to be very slow both in the case of 3C (based on the DFT calculations [16]) and in 4H or 
6H (based on the lack of observation of Ag diffusion in experiments [5, 59]). For these reasons it 
is commonly assumed that the difference in polytype does not have a significant effect on 
diffusion. 

3.2.4 Comparison of Effective Diffusion Coefficient in Unirradiated and Irradiated SiC 
 

In order to quantitatively analyze the effect of carbon irradiation on enhancing Ag diffusion, 
the diffusion coefficients for both unirradiated and irradiated samples were determined from the 
SIMS results discussed in the previous sections. 
 A direct discrimination of the contributions from lattice diffusion and GB diffusion to the 
observed Ag diffusion in 3C-SiC is not possible as the lattice diffusivity cannot be quantitatively 
assessed due to the slow diffusion of Ag in single crystal 4H-SiC and due to the spatial/mass 
resolution limit at the "tail" of the concentration profile. Therefore, we only report an effective 

(a) (b) 
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diffusion coefficient D, which is a combination of GB diffusion Dgb and lattice diffusion Dl 
coefficients. 

As described in Section 2.3.3, for ion implantation diffusion experiments, the main 
implantation peak serves as a constant source approximation when the peak concentration is 
greater than the solubility limit, S(T), of the system. An effective diffusion coefficient D of a 
Fickian type diffusion can be determined by the following equation  

 

Equation 3.1       ࢊ)࡯, ࢚) = ܋܎ܚ܍૙࡯ ቀࢊିࢊ૙√૝࢚ࡰቁ      

 
where Co is the concentration at which the impurity diffuses into the bulk and it is usually equal 
to the solubility of the impurity. do is the depth at which the impurity concentration equals to Co, 
d is the depth where the concentration is measured and t is time in seconds [60]. This equation 
assumes a constant concentration (C0) at the source during the time of the experiment. In these 
experiments, the peak Ag concentration is ~3×1019 and the solubility (the highest Ag 
concentration in the Ag “tail”) is less than 1×1017, which suggests that the implanted Ag is more 
than enough to pin the concentration at its solubility limit for the duration of the experiment, 
justifying the use of Equation 3.1. 
 By subtracting the AI Ag profile from the thermal exposed Ag profile, we can obtain Ag 
diffusion profiles (symbols in Fig. 3.7) for different exposure conditions. In this study, our aim is 
to compare the diffusion of Ag in pristine SiC and in carbon irradiated SiC. Therefore, do is 
chosen as 500 nm to avoid the region damaged by Ag implantation as identified in Ref. [44] for 
the same implantation conditions. If the experimental data follows the trend described by 
Equation 3.1, a plot of erfc-1(C/Co) vs. (d- do) will yield a straight line with the slope equal to 
(4Dt)-1. An example of such plot for 3C-SiC samples irradiated and heat treated at 1569°C for 10 
hrs is shown in Fig. 3.8. We first fit a linear function based on all the points from depth 575 to 
2675 nm (for unirradiated samples from 575 to 1725 nm) and then adjust Co until the intercept of 
the linear fit equals to zero. The slope obtained from the linear fit is finally used to calculate D.  
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Figure 3.7 Measured Ag diffusion profiles (symbols) and fitted diffusion profiles (lines) for 
polycrystalline 3C-SiC. Reference profiles for as-implanted samples were subtracted from the profiles 
shown in the figure. 
 

 
Figure 3.8 Linear fit of erfc-1(C/C0) to determine diffusion coefficient of 1569oC/10hrs exposed irradiated 
3C-SiC. 

 
By plugging in the calculated D values into Equation 3.1, we can plot the fitted Ag 

concentration profile, C(d,t), for each sample (see colored lines in Fig. 3.7). The fitted C(d,t) 
profiles align well with the experimental SIMS data for unirradiated samples, whereas in 
irradiated samples they align well until ~2750 nm, which is the termination point of visible 
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radiation damage as identified by TEM. Beyond the end of radiation damage, the fitted C(d,t) 
profiles have a higher Ag concentration than the SIMS measured data points, consistently with 
the hypothesis that radiation damage is the underlying reason for enhanced Ag diffusion. 

The calculated Co and D values for different exposure conditions in unirradiated and 
irradiated 3C-SiC samples are summarized in Table 3.1, where the reported error is derived from 
the standard deviation of the slope of the linear fit. From Table 3.1 we can see that the effective 
diffusion coefficients in irradiated samples are 12.3, 5.3 and 4.1 times higher than that in 
unirradiated samples at 1500, 1535 and 1569°C, respectively, demonstrating that carbon ion 
irradiation can appreciably enhance Ag diffusion in polycrystalline SiC. Although still lower 
than most reported D values from TRISO integral release experiments, (1.5-35.9)×10-16m2/s at 
1500 oC [48, 49, 61, 62], D value of irradiated sample at 1500oC is similar to the D value of 
7.1×10-17m2/s reported by Bullock [32] for “medium SiC” from a TRISO post-irradiation 
annealing experiment. Considering that the SiC layer in a real TRISO fuel is subjected to more 
severe neutron radiation than this ion irradiation study, the radiation enhanced diffusion 
coefficient is expected be higher than the values reported here, and radiation could be 
responsible for the observed increased Ag release from TRISO particles. 

The magnitude of the diffusion coefficient, D, in unirradiated 3C-SiC increases with 
thermal exposure temperature (see Figure 3-9), and it can be fitted to an Arrhenius relationship 

 

Equation 3.2          ࡰ ܘܠ܍࢕ࡰ	= ቀିࢀ࢑ࡽቁ     

 
where Do (m2/s) is a pre-exponential term which describes the physical nature of the diffusion 
mechanism, k is the Boltzmann’s constant (eV/T), T is temperature (K) and Q is the activation 
energy (eV). The fitted Q and Do values of unirradiated 3C-SiC are 1.84±0.40 eV and 
(1.04±0.10)×10-12m2/s, respectively. One should treat these values only as approximate estimates 
because the experiments were carried out over a relatively narrow range of annealing 
temperatures and only one sample was investigated at each temperature.  
 
Table 3.2 Co and D values for unirradiated and irradiated Ag/3C-SiC diffusion couples. 

1500°C 10hrs 1535°C 10hrs 1569°C 10hrs 1569°C 5hrs 1569°C 20hrs 

Co(at/cm3) 
Unirradiated 2.56×1016 3.61×1016 2.56×1016 - - 

Irradiated 4.92×1016 6.71×1016 4.68×1016 5.70×1016 7.81×1016 

D(m2/s) 
Unirradiated 5.93±0.31×10-18 7.99±0.74×10-18 8.84±1.19×10-18 - - 

Irradiated 7.32±0.74×10-17 4.21±0.30×10-17 3.60±0.21×10-17 3.53±0.16×10-17 1.80±0.11×10-17 
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Figure 3.9 Comparison of Ag diffusion coefficient D in unirradiated and irradiated polycrystalline 3C-
SiC (error bars are derived from standard deviation of linear fit in Figure 3.8). 

 
Unlike the unirradiated samples, the D values of irradiated samples do not show even an 

approximate Arrhenius temperature dependence (Figure 3.9). The lack of Arrhenius dependence 
could be due to the narrow range of thermal exposure temperatures or to the large grain size 
(~18µm) used in this study. Specifically the grain size exceeds the Ag penetration depth of 3.5 
µm and it is likely that only few GBs are involved in the observed Ag diffusion. As GB diffusion 
is expected to be dominant, the measured Ds will largely depend on the local microstructure (e.g., 
the type and network of GBs), an effect which may obscure the temperature dependence of 
diffusion. Nevertheless, the trends in D with temperature of unirradiated and irradiated samples 
do appear to be qualitatively different, indicating that other mechanisms may contribute to Ag 
diffusion in the presence of radiation damage. It is possible that Ag diffusion in the irradiated 
samples, though higher, is less sensitive to temperature than in unirradiated samples. It is likely 
that effects from radiation damage significantly overwhelm temperature effects in the 
temperature range investigated in this study. The observation of decrease in diffusion coefficient 
with increasing temperature in irradiated samples may be due to the annealing of radiation-
induced defects. The radiation-induced defects, a probable source for the observed radiation 
enhanced diffusion (RED), will annihilate faster at higher temperatures, which in turn suppresses 
Ag diffusion. More experiments are needed to test this hypothesis and to investigate radiation-
induced defects and their annihilation during thermal exposure. D values determined from 
1569°C isothermal exposure are consistent for samples that were annealed for 5 and 10 hours, 
but D estimated from a 20 hour thermal exposure is lower. This observation may be ascribed to 
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greater annealing of radiation damage with exposure time. However, caution is needed with this 
interpretation since the measurement error for these results is not explicitly known.  

The Co values in both unirradiated and irradiated samples do not show a clear temperature 
dependence. This is likely due to the narrow range of temperatures investigated in our 
experiments. This observation is consistent with lack of temperature dependence found for 
penetration depth discussed in Section 3.2.3. However, it is clear that the Co values in irradiated 
samples are about two times larger than in unirradiated samples. Therefore, the irradiated 3C-SiC 
is able to accommodate more Ag than its unirradiated counterpart.  

It is interesting to compare the value of C0 to the total number of SiC atoms in the GBs to 
assess the GB solubility of Ag. Using a lattice parameter of 4.36Å one can estimate the total 
concentration of atoms in SiC to be about 9.7×1022

 bulk-atoms/cm3. Assuming the GBs are about 
0.5 nm thick and approximately 18 µm grain size, yields an estimated density of GB atoms in 
SiC of 2.7×1018 GB-atoms/cm3. Taking the ratio of C0 ~ 3×1016 Ag-atoms/cm3 to this GB atom 
density suggests a density of Ag in the GB of about 1.1×10-2 atom fraction (Ag as a fraction of 
total number of Si and C atoms) for unirradiated conditions, and about twice this value for 
irradiated material. Thus our results suggest the GB solubility for Ag is about 1-2% atomic 
fraction. 
 

3.2.5 GB Diffusion and Lattice Diffusion in Irradiated SiC 
 

In polycrystalline materials, diffusion is a complicated phenomenon that involves several 
fundamental processes, such as direct lattice diffusion from the surface, diffusion along the GBs, 
partial leakage from the GBs to the lattice, and the subsequent lattice diffusion near the GBs [63]. 
Depending on the relative contributions of such processes, one can observe essentially different 
regimes of kinetics. Harrison has classified the diffusion kinetics in polycrystalline materials into 
three regimes identified as Types A, B and C [64]. Here, we apply different kinetic regimes to 
our experimental results to provide insights into the underlying mechanisms. In the calculations 
below we will use data obtained for samples 1569oC 10 hours exposed sample as an example, 
but other samples show qualitatively similar results. 

Type A regime is observed when the lattice diffusion length, (Dlt)1/2, is greater than the 
average grain diameter, dgb. Usually Dl<D<Dgb, thus in this study (Dl t)1/2<(Dt)1/2 = 1.14 µm, 
smaller than the average grain diameter of 18 µm. Therefore Type A regime is not applicable to 
this study. Type C is applicable when the diffusion takes place only along the GBs, without any 
substantial leakage to the lattice. It occurs when (Dlt)1/2<0.2sδ, where s is the GB segregation 
factor and δ is the effective GB width. By applying our data and using δ = 0.5 nm, we can 
deduce that Type C can be applicable if s >1.11×103. The segregation factor in irradiated SiC is 
not explicitly known, but atomistic simulations from Ref. [45] showed that segregation factor of 
Σ3 GB in unirradiated SiC at 1200oC is 3.1×108. Unless carbon irradiation greatly reduces this 
value, Type C kinetics may be applicable for irradiated samples in this study. If Type C applies, 
the effect of lattice diffusion is negligible and Dgb = D. In this case, the significant difference in 
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the diffusion coefficient between unirradiated and irradiated samples is solely ascribed to the 
enhanced GB diffusion caused by carbon irradiation. However, if the carbon irradiation greatly 
changes s value so that Type C is no longer applicable, both lattice diffusion and GB diffusion 
need to be taken into account and one needs to consider Type B diffusion. 

Type B regime is applicable when the following conditions are satisfied 
 

Equation 3.3       ߚ = ௦ఋ஽೒್ଶ஽೗(஽೗௧)భ/మ > 10      

  

Equation 3.4       ߙ = ௦ఋଶ(஽೗௧)భ/మ < 0.1      

  
Under these conditions, Dgb can be calculated, using known values of Dl and s and the following 
equation [65] 
 

Equation 3.5       ࢙࢈ࢍࡰࢾ = ૚. ૜૛૛(࢚࢒ࡰ )૚/૛[−       ૟/૞]ି૞/૜(࢕ࢊିࢊ)ࣔ࡯࢔࢒ࣔ

 
In Figure 3.10 we plot lnC vs (d-do)6/5 for an irradiated sample. By obtaining the slope 

from a linear fit, the relation between Dl, Dgb, and, s can be defined using Equation 3.5. Then 
applying Equations 3.3 and 3.4 we find that 1.74×10-22 (m2/s) < Dl <3.41×10-18 (m2/s), 1< s <140, 
and 3.41×10-16 (m2/s) < Dgb <4.78×10-14 (m2/s). From these calculations we conclude that Type B 
kinetics is applicable when segregation factor in the irradiated samples is lower than 140. 
Although Dl and Dgb cannot be determined exactly, these calculations would suggest that both 
GB diffusion and lattice diffusion coefficients are greatly enhanced as compared to the 
unirradiated samples if Type B kinetics were accurate, for which Dl ≈ 10-29 (m2/s) [16] and Dgb ≈ 
10-18 (m2/s) at 1569oC. 

From the lattice diffusion coefficient extracted by assuming Type B diffusion, the one-
dimension diffusional distance (xl) can be estimated by xl = (Dlt)1/2. For 1569oC 10 hours exposed 
4H-SiC sample, we can estimate 2.5 nm < xl < 349.9 nm. As can be seen in Fig. 3.10, hundreds 
of nanometer penetration of Ag is not observed in these single crystal samples. This result 
suggests that either Ag atoms are trapped in the implantation damage region, or Dl lies near the 
lower bound of the 1.74×10-22 (m2/s) <Dl< 3.41×10-18 (m2/s) regime. In the latter case, the Dl will 
lead to few (or tens of) nanometers of penetration and such penetration cannot be discerned 
experimentally. 

While both type B and C kinetics are applicable, our result clearly suggests that the ion 
irradiation enhances Ag diffusion in either case.  
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Figure 3.10 A plot of logarithm of concentration lnC vs. (d-do)6/5 for 1569oC/10hrs exposed 
irradiated 3C-SiC. Diffusion coefficient can be determined by fitting the data to Type B kinetics 
(Equation 3.5) 

 

3.3 Analysis of Neutron-Irradiated TRISO Fuel Particles 
 

Research described in this section was carried out in collaboration with Dr. Isabella Van 
Rooyen from Idaho National Laboratories. Dr. Van Rooyen co-wrote the text presented in this 
section. The experiments were supported by a rapid turn-around proposal (RTE 13-412). The 
results of this work have been submitted for publication (“STEM EDS Analysis of Fission 
Products in Neutron Irradiated TRISO Fuel Particles from AGR-1 Experiment”, B. Leng, I. van 
Rooyen, Y. Q. Wu, I. Szlufarska, K. Sridharan, Submitted). 

3.3.1 Materials and Method 
The TRISO fuel particle examined in this study was CP35 from Compact 6-3-2 from the 

AGR-1 experiment, which had an estimated Ag retention of 80%. Details of this fuel particle 
and the rationale for its selection for this study are described elsewhere [41]. Two STEM 
lamellae (identified as 6a and 6b) were prepared by a focused ion beam near the IPyC-SiC 
interlayer as shown in Fig. 3.11. The purpose of using two lamellae was to provide larger areas 
for investigation and no specific microstructural differences were expected in these two 
lamellae. 

The fission products (FPs) produced during irradiation consist of relatively heavy elements 
compared with coating material layers used in TRISO fuel particles. Therefore, the High Angle 
Annular Dark Field (HAADF) detector in STEM, of which contrast in the image is sensitive to 
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atomic number differences (so-called Z-contrast imaging), was chosen to reveal the distribution 
of FPs. The compositional analysis of these fine FP precipitates was performed by standardless 
EDS analysis in STEM mode. 

The STEM-EDS analyses were conducted with an FEI Tecnai G2 F30 STEM at the 
Microscopy and Characterization Suite, Center for Advanced Energy Studies, in Idaho Falls 
where low-activity irradiated materials can be examined. Pd, U, and Ag were identified using Pd 
Kα1 peak (21.175 keV), U Lγ1 peak (20.163 keV), and Ag Kα1 peak (22.162 keV), 
respectively, to avoid uncertainties associated with peak overlaps. An EDS line scan was used 
for the qualitative identification of FP using an acquisition time of 10–40 secs/point. 
Transmission Electron Microscopy images and analysis software were used for quantitative EDS 
analysis, and furthermore longer 480 secs/point area analysis was used for quantitative 
measurements to increase the signal-to-noise ratio. 
 

 
Fig. 3.11 Images showing: (a) positions in a post-irradiated TRISO fuel particles from where STEM 
lamellae were fabricated, (b) position investigated in lamella 6b (Position 1:SiC layer) and (c) position 
investigated in lamella 6a (Positions 1: SiC layer). 
 

3.3.2 STEM Analysis of Distribution of Ag and Other FP 
 

Using HAADF imaging and combined EDS measurements, various FP precipitates were 
identified, and categorized based on their size, shape, and location in the microstructure. 
 
Micron-sized Precipitates (≥100 nm) 
 

As shown in Fig. 3.11, micron-sized precipitates with irregular shape were mainly located 
at IPyC-SiC interlayer, but some of these precipitates were also observed inside the SiC and 
IPyC layers. The size of these precipitates varied from approximately 100 nm up to 2μm, and 
the precipitates in SiC and IPyC layers were smaller than those in IPyC-SiC interlayer (Fig. 
3.11). Additionally, micron-sized precipitates in the SiC layer and the IPyC-SiC interlayer had 
sharp protrusions connecting them to SiC grain boundaries which indicates that their formation 
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may be associated with GB transport of FP. Figure 3.12 shows the EDS spectrum of a micron-
sized precipitate located at the SiC layer ~5μm away from the interlayer. These precipitates 
consist of mainly Pd and U, while other minor FPs, such as Cs, Eu, and Ce, were also 
identified. No Ag was identified within the micro-sized precipitates. EDS analysis showed that 
the ratio of U, Pd, and Si in micron sized precipitates in the SiC layer is close to 1:2:2, 
suggesting that they may be UPd2Si2 ternary silicides, as indicated by selected area diffraction 
pattern in the previous transmission electron microscopy study of another particle from AGR-1 
[52].  
 

  
Fig. 3.12 (a) Distribution of various FP precipitates in the SiC layer ~5um from SiC-IPyC interlayer of 
sample 6b (position1 in Fig 3 .11[b]), numbers are used for marking different regions to provide context 
to higher magnification images in other figures, and (b) EDS area scanning spectrum inside the micron-
sized precipitate (within the green box) (Cu is an artifact from transmission electron microscopy grid). 
 
Nano-sized Precipitates (5 to 20 nm) 
 

Unlike the micron-sized precipitates, which have long been observed by the scanning 
electron microscopy and transmission electron microscopy studies [52, 66-68], nano-sized FP 
precipitates were  not observed until STEM was introduced as an advanced characterization 
technique [41]. Nearly spherical-shaped nano-precipitates, 5 nm to 20 nm in size, were identified 
mainly located inside the SiC grains at the SiC-IPyC interlayer and further inside the SiC layer 



Final Report  January, 2016 

 44

(Fig. 3.13(a)). Most of these nano-precipitates were identified to be Pd-rich with no detectable 
Ag and U (Fig. 3.13(c)), which is consistent with the previous work [41]. Further examination in 
this study indicated a small amount of Ag in one EDS site (Fig. 3.13 (b)). 

Figure 3.13(b) shows an example of the Pd-Ag nano-sized particle, which is found in the SiC 
layer ~5 μm away from the interlayer. The EDS spectrum clearly showed peaks corresponding 
to Pd and Ag. Among 10 nano-sized precipitates evaluated in this study, only two contained Ag. 
These Ag-Pd containing nano-precipitates should be further investigated to determine if they are 
intergranular or intragranular. 

The semi-quantitative analysis results of selected nano-sized precipitates are shown in Table 
3.3. The Si content in precipitates is higher, whereas C content is lower than in the SiC matrix, 
indicating the precipitates to be FP silicides. The concentration of FP measured in nano-sized 
precipitates is much smaller than Si or C. This is because the collected EDS signal emanates 
mainly from SiC matrix (~100 nm size, comparable to sample thickness) rather than from small 
size of precipitates (<20 nm).  

 

 
Figure 3.13 (a) Different types of nano-precipitates identified inside a SiC grain (position1 in Fig. 
3.12(a)), (b) EDS spectrum indicates S1 is a Pd-Ag precipitate and (c) EDS spectrum indicates S2 is a 
Pd-rich precipitate. 

 

Table 3.3 Quantitative EDS results showing the composition of Pd-Ag (Fig. 3.13(b)) and Pd-rich 
(Fig. 3-13(c)) nano-sized spherical precipitates. 

Elements 
Concentration (at.%) 

SiC matrix S1 S2 S3 

C(K) 47.14 31.30 26.21 32.37 

Si(K) 52.79 66.36 66.51 62.38 

Pd(K) 0.00 1.88 7.04 5.25 
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U(L) 0.07 0.46 0.06 0.00 

 

 
 
 

GB precipitates (Width <5nm) and Triple Junction Precipitates (10 to 20 nm) 
 

Nano-sized FP at triple junctions and boundaries of SiC grain was revealed by STEM-High 
Angle Annular Dark Field (ADF) imaging (Fig. 3.14 and Fig. 3.15). These triple junction 
precipitates are connected by hair-line shaped GB precipitates. In the previous study [41], 
these intergranular precipitates were found to be either Pd-rich (identified up to 4μm from SiC-
IPyC interlayer) or Ag-rich (up to 0.5μm from the interlayer). This work confirmed the results 
of the previous study by analyzing more areas. 

Pd-rich intergranular precipitates were identified up to 5 μm from SiC-IPyC interlayer as 
shown in Fig. 3.14. Quantitative results in Table 3.4 suggest the Pd-rich triple junction 
precipitates to be Pd silicides with no detectable U or Ag. Variation in Pd concentration may 
be influenced by the matrix signals, the extent of which depends on different precipitates’ 
sizes. 

Ag-rich intergranular precipitates were identified up to 1.5 μm from SiC-IPyC interlayer 
(Fig. 3.15) providing evidence of Ag can transport along SiC grain boundaries. EDS spectrum 
shows that no U or Pd exist inside the Ag-rich precipitates, but a small amount of Cd was 
identified. 

 

 
 
Figure 3.14 High magnification image of position.2 in Fig. 3.12(a), showing Pd-rich GB precipitates 
and triple junction precipitates. 
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Figure 3.15 Ag-rich GB and triple junction precipitates in SiC layer of sample 6a, ~1.5 um from SiC-
IPyC interlayer (position 1 in Fig. 3.11 (c)). 

 

Table 3.4 Quantitative EDS results showing the composition of different three Pd-rich triple 
junction precipitates (T1,T2,T3) (shown in Fig.3.4) 

Elements 
Concentration (at.%) 

SiC matrix T1 T2 T3 

C(K) 47.14 41.13 36.0 33.43 

Si(K) 52.79 51.40 58.98 55.75 

Pd(K) 0.00 7.47 4.83 10.77 

U(L) 0.07 0.00 0.19 0.05 

 
 

3.3.3 Possible Mechanism of Ag Transport in Neutron Irradiated TRISO Fuel Particle 
 

In this study, Ag was found in SiC GBs and triple junctions up to 1.5 μm from the SiC-
IPyC interlayer, providing direct evidence of Ag GB diffusion. Compared with Pd rich GBs and 
triple junctions, which were identified up to 5μm in SiC layer from SiC-IPyC interlayer, the 
intergranular Ag was identified within a shorter range. This may imply that Ag GB transport is 
slower than Pd. However, more GB precipitates need to be examined to confirm this 
hypothesis. It is worth noting that in this study, no Pd was identified in Ag-rich grain 
boundaries and triple junctions and no Ag was identified inside the micron- sized Pd-U-Si 
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precipitates. This may suggests that the Pd assisted Ag transport through “mobile Pd- silicide 
nodules” as proposed in [67] and [69] is not likely to be the main mechanism for Ag GB 
transport. However, it should be noted that atomic migration along the grain boundaries, below 
the STEM and EDS detection limits, is possible and likely. From this study, it seems that Pd is 
not required for Ag intergranular transport. The single instance where an Ag-Pd nano-sized 
precipitate was found inside the SiC grains suggests a possible Pd-assisted intragranular 
transport mechanism for Ag. Similar to the intragranular Pd precipitates, Ag-Pd intragranular 
precipitates were not observed in the surrogate experiment [69], indicating a possible relation 
with radiation effects. Further high-resolution STEM work is needed to investigate the 
intergranular Ag-Pd precipitate formation. Small amounts of Cd were also seen in the Ag-rich 
GB precipitates and triple junction precipitates, which suggest that it can transport with Ag by 
an intergranular mechanism. 

3.4 Summary of Experimental Work in the Project 
 

The effects of radiation damage in SiC on diffusion of Ag have been studied with the goal 
of advancing the understanding of the transport of Ag fission product through the SiC diffusion 
barrier layer in TRISO fuel particles. 

 Polycrystalline 3C-SiC and single crystal 4H-SiC were irradiated with 3.15MeV C2+, 
followed by Ag ion implantation with 400KeV Ag ions. The samples were annealed at 1500oC, 
1535oC, and 1569oC for durations of up to 20 hours, followed by analysis of Ag distribution 
profile by SIMS analysis. For 3C-SiC polycrystalline material, the damage introduced by carbon 
ion irradiation significantly enhanced the diffusion coefficient of Ag as compared to the 
unirradiated samples, with the difference decreasing with increasing temperature (likely due to 
defect annealing). The diffusion of Ag in unirradiated samples followed the expected Arrhenius 
law, whereas for the irradiated samples a nearly ‘flat-line’ behavior was observed and was 
speculated to stem from the counteracting effects of temperature and defect annealing. The Ag 
diffusion coefficient was (1.8-7.3)×10-17m2/s for ion irradiated 3C-SiC, and (5.9-8.8)×10-18m2/s 
for unirradiated 3C-SiC. The C2+ irradiated 4H-SiC single crystal, on the other hand, showed no 
visible Ag diffusion due to slow lattice diffusion (even under irradiation conditions). The 
increased effective diffusion coefficient in 3C-SiC was attributed to enhanced GB diffusion in 
the irradiated region. 

Carbon irradiation experiment provided strong support for the hypothesis that ion radiation 
can significantly enhance Ag diffusion in polycrystalline SiC. However, the observed 
enhancement in diffusion coefficient in itself could not account for the integral release 
measurements ((1.5-35.9)×10-16m2/s at 1500oC). In addition to irradiation, the release of Ag can 
be affected by many other factors, such as the presence of nanocracks and voids [27, 70, 71], 
change in the microstructure (including degradation) of SiC [72, 73], the effect of other fission 
products/impurities [42, 74-77], and possibly combined effects of these factors with irradiation.  

The work also represents one of first few studies on high resolution TEM/EDS examination 
of fission product in TRISO fuel after in-pile neutron irradiation testing.  Previous PIE study [41] 
has illustrated the potential of STEM-EDS method to identify Ag at the SiC- IPyC interlayer in a 
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neutron irradiated TRISO fuel particle during post-irradiation examination. In the PIE study 
presented in this section, we further examined FP precipitates inside SiC layer (0.5μm to 5μm 
from the interlayer), along with a quantitative assessment of size, shape, preferential location, 
and composition of those FP precipitates. 

Ag was found in SiC grain boundaries and triple junctions up to 1.5μm from the SiC-IPyC 
interlayer, providing direct evidence of Ag GB diffusion. No Pd was found in those nano-sized 
Ag GB and triple junction precipitates, which suggests that Pd may not be required for Ag GB 
transport. The co-existence of Cd with Ag in triple points reported previously [41] was 
confirmed by the present study. The presence of Pd rich nano-sized intragranular precipitates 
was further investigated. In one instance an Ag-Pd nano-sized precipitate was found inside the 
SiC grains, which suggests a possible Pd-assisted intragranular transport mechanism for Ag. 
Further high-resolution STEM work is needed to confirm the intergranular Ag-Pd precipitate 
formation. Nano-sized precipitates were not observed in the surrogate Pd/Ag-SiC diffusion 
experiments [69, 75], indicating that the precipitates are  associated with neutron radiation 
effects.  
 
 
4 Co-incorporation of Ag with Other Elements 
 

We have considered the possibility that solubility of Ag in SiC could be increased if Ag was 
co-incorporated with other species. To test this hypothesis, we have performed ab initio 
calculations based on the Density Functional Theory of formation energies of defects comprised 
of Ag bound to iodine or oxygen. We found that for crystalline SiC, Ag co-incorporation with I 
or O into SiC is not energetically favorable. The results have been published in (Londono-
Hurtado et al. J. Nucl. Mater. 2013) and are summarized in Appendix A. 

 
 
5 Atomistic simulations of Ag diffusion 

5.1 Ag Diffusion along High Energy Grain Boundary 
 
Despite the efforts to understand the Ag release through SiC in past decades, the release 

mechanism yet remains largely unknown. Recently, a number of studies have provided strong 
evidence supporting the hypothesis that GB diffusion is a dominant pathway for the Ag transport 
in high-quality CVD-SiC. For example, Friedland et al. [5, 6] and Gerczak et al. [78] recently 
carried out Ag implantation in a single crystal SiC (sc-SiC) and a polycrystalline CVD-SiC (pc-
SiC) at 1300°C. The Ag diffusion was only observed in pc-SiC, but not in the sc-SiC. Lopez-
Honorato et al. [79, 80] designed a diffusion couple model where a layer of silver was trapped 
between two stoichiometric SiC layers then heat treated up to 1500°C. Significant Ag diffusion 
into SiC was observed in the samples and transmission electron microscopy images confirmed 
Ag particles along the columnar GB structure. Most recently, a study by Van Rooyn et al. [41] 
used scanning transmission electron microscopy-energy dispersive X-ray spectroscopy to 
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observe Ag in both GBs and the triple junctions from irradiated TRISO coated particles. 
The above considerations suggest that GB diffusion is a preferred mechanism for Ag 

transport, yet it remains unclear which GBs transport the Ag and how quickly, how this transport 
occurs at the atomistic level, and if there is any coupling to irradiation effects. To better elucidate 
the fundamentals of Ag diffusion in SiC, atomistic simulation studies have modeled Ag 
diffusivity through bulk [16], ∑3-GBs [45], and ∑5-GBs [81] of 3C-SiC. The diffusion 
coefficients (D) were predicted to be DBulk= 3.9×10−29 m2s-1 at 1600°C in bulk SiC (the fastest 
mechanism being Ag interstitials, where the Ag residues on a site tetragonally coordinated by 
four Carbon atoms), D∑3-GB = 3.7×10−18 m2s-1 at 1600°C in ∑3-GBs (for the fastest direction, 
which was along the [01ത1]), and D∑5-GB = 0.22 - 10.5×10−18 m2s-1 at 1227°C in the ∑5 (120) tilt 
GB. These results strongly suggest that the bulk diffusion cannot account for the experimentally 
observed release rates of Ag from TRISO particles, which are summarized in Table 5.2. 
Additionally, the higher D values found for GBs provide further evidence that GB diffusion is a 
dominant mechanism responsible for Ag release.  

Despite the higher D values predicted for select GBs compared to bulk, the predicted D in ∑3 
and ∑5 GBs are still from one to three orders of magnitude lower than the lowest values 
measured from integral release measurement [37, 48, 49, 61, 62, 82, 83] at similar temperatures, 
and therefore they cannot be simply invoked as the explanation for the observed diffusion. A 
major missing part of present understanding is that high-energy GBs (HEGBs) have not yet been 
modeled or measured explicitly, but are expected to play a significant role in Ag transportation in 
pc-SiC. The HEGBs are often highly disordered structures and represent > 40% of GBs in 
TRISO prototype materials [78, 84]. The high fraction of HEGBs allow them to provide a 
percolating path for Ag transportation, and HEGBs are the one of few GB types that are present 
in high enough concentration to form a percolating path [45]. More importantly, it is often found 
that disordered (amorphous) materials provide a faster transportation pathway for extrinsic 
defects [85-87] compared to crystalline materials. Therefore, we expect HEGBs are the most 
likely GB type to dominate Ag transport, and the Ag diffusion coefficient in HEGBs to be faster 
than those in other GBs or bulk, which possibly bridges the remaining discrepancies with 
integral release measurements. In this work, we used an ab initio based stochastic modeling 
approach to predict the Ag diffusion coefficient in HEGBs. 

 

5.1.1 Methods 
 

The HEGB is modeled as an amorphous SiC (a-SiC) region, as the local environments in 
HEGBs of covalent materials are known to be similar to amorphous phases [88, 89] and a bulk 
amorphous phase is computationally more tractable to model than a full GB structure. We 
prepared an a-SiC structure from classical molecular dynamics with the Tersoff interatomic 
potential using the melt-quench method [90]. A supercell containing 128 atoms with a perfect 
stoichiometry (but allowing antisite and coordination defects) was arbitrary cut out from the 
bulk, then fully relaxed using Density Functional Theory (DFT) with periodic boundary 
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conditions and under constant zero pressure and zero K temperature. The resulting cell vectors 
were [11.21, 0.17, -0.37; 0.17, 11.57, 0.15; -0.38, -0.15, 11.03] (non-cubic) and the final density 
of the cell was 2.98 g/cm3, which is comparable with the simulated density by Tersoff potential 
(3.057 and 2.896 g/cm3) in Ref [90], and is, as expected, lower than the DFT calculated sc-SiC 
density, 3.18 g/cm3. It is true that some features of real amorphous structures may depend on 
cooling and processing conditions, but we make the assumption that the present method captures 
local environments adequately enough to approximate the diffusion rates of Ag through an 
amorphous-like GB region.  

The Vienna Ab-Initio Simulation Package (VASP) [91-94], an ab initio DFT code, and 
projector-augmented plane-wave (PAW) method [66, 95] were used to relax the final a-SiC and 
to explore Ag diffusion in the a-SiC structure. The exchange-correlation was treated in the 
Generalized Gradient Approximation (GGA), as parameterized by Perdew, Burke, and Ernzerhof 
(PBE) [96]. A single Γ-point k-point mesh was used to sample reciprocal space. While this is not 
highly converged it was necessary to use few k-points to enable the large number of required 
calculations. The Γ-point k-point mesh had an error about 15 meV/atom for 128 atom cell 
compared to 2×2×2 k-point mesh, which is expected to be well-converged. Tests on at least five 
barriers showed that error in energy barrier with respect to k-points for a Γ-point vs. 2×2×2 k-
point mesh is within an acceptable error range of 200 meV/Ag (this corresponds to about a factor 
of 5× error at 1500K). The energy cut-off was set at 450eV. The convergence for the electron 
self-consistency cycle was set to 10ିସeV. For the formation energy (ΔEf) of defects, we use the 
following expression [97] : ΔEf = Edef  ˗ Eundef + ΣIΔnI μI. The Edef and Eundef are energies of the 
defected and the undefected cell, ΔnI is the change in the number of the atomic species ܫ in the 
defected cell from the number of same species in the undefected cell, and μI is the chemical 
potential of atomic species I relative to its reference energy. The reference states for Si and C are 
taken as the bulk Si and C VASP energies (which are referenced to their pseudopotential 
reference energies) in their groundstate structures (diamond lattice for Si and graphite for C). 
Throughout this study, Si-rich condition chemical potentials are used for silicon and carbon (μSi = 
-5.44 and μC = -9.65 eV) for consistency. The ab initio formation energy of bulk solid phase Ag 
metal (μAg = -2.82eV) is set to be the chemical potential for Ag. No charged supercells or 
explicitly charged defects were considered in this study. We believe this approximation is a 
reasonable as the neutral state for Ag interstitials (which are our focus in this study, as discussed 
in Section 5.1.2) is stable charge state for Ag in n-type crystalline SiC, as predicted by Shrader, 
et al [16]. Furthermore, even if the Ag were charged, at least some of the impact of the changes 
in energy as compared to the neutral state would cancel between initial and activated states 
during the migration barrier calculation, further reducing its impact on the predicted value of D. 

To obtain diffusion pathways and the corresponding minimum energy path, the climbing 
nudged elastic band (CNEB) method was employed. Typically, three images were used in the 
CNEB calculations. The initial estimate for the transition state was set as a center image, and 
additional images are linearly interpolated between Ag site and the center image. The transition 
states are first estimated by putting the Ag at the centroid of the sites consisting of the initial and 
final Ag sites and all Si and C sites within 1.89 Å (the nearest neighbor bond length of SiC) (this 
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approach is similar to that use in Ref. [98]). Calculations starting from this initial Ag position 
converged into a stable transition state in more than 80% of cases during the CNEB optimization. 
However, in the remaining cases the initial Ag position was too close to a Si or C atom and the 
CNEB calculation did not converge. For these cases a new candidate activated state was 
estimated by using a two step process. First, a linearly interpolated image halfway between the 
initial and final Ag configurations is determined. Then, if in this image the Ag and any other 
atom were less than 1.45 Å apart, the Ag and this other atom were moved by 1.0 Å each in 
opposite directions to assure their separation. The displacement was done in the plane normal to 
the line connecting the initial and final Ag states.  Displacements were attempted along lines 
every 45 degrees within the normal plane until all interatomic distances in the candidate activate 
state were greater than or equal to 1.42 Å (which is 75% of a SiC nearest-neighbor bonding 
length). The calculations starting from these candidate activated states showed robust 
convergence. 

In order to represent Ag migration barriers independently of the initial and final state energies 
we use the Kinetically Resolved Activation (KRA) Barrier [99, 100] to represent the barrier 
value. In the KRA the saddle point migration energy ( saddle

mE ) is determined by the energies of the 

initial and final sites ( initial
fE and final

fE ) and KRA energy (EKRA), which is used to as in Equation 

5.1 and illustrated in Fig. 5.1. The KRA approach provides a compact way to represent the 
migration energy of a hop in either a forward or backward direction. Furthermore the approach 
defines EKRA so as to remove the contributions of the initial and final energy to saddle

mE , and EKRA 

is therefore likely to vary less and be easier to represent than saddle
mE .   

 

Equation 5.1   
( ) / 2saddle initial final

KRA m f fE E E E= − +
                 

 

 
Figure 5.1 A schematic representation of the Kinetically Resolved Activation (KRA) barrier. 
 

In order to explore the diffusion in a disordered lattice we use the effective medium 
approximation (EMA) [101], which has been applied previously to model diffusion in an 
amorphous system [102, 103]. In this model, a single Ag atom diffuses under the assumption that 
Ag atoms do not interact with each other while diffusing along HEGB. The main idea of this 
scheme is to replace the actual system jump frequencies by an effective energy surface with an 
equal frequency distribution (fitted to DFT calculations), but stochastically sampled. The 
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effective energy surface (effective medium) can be mapped out by creating Ag interstitial sites 
(lattices), and calculating Ag interstitial formation energies (energy assigned to lattice) and the 
KRA barriers (transition state energies relative to lattices, which will determine the jump 
frequency). These parameters are then stochastically sampled until the distributions (μ and σ) in 
the EMA model are within the standard error from DFT calculations (Table 5.2).   

In the EMA model used in this study, the connectivity between interstitial sites is simulated 
by adopting the randomly blocked sites approach [104] as depicted in Fig. 5.2(a). A virtual face 
centered cubic (f.c.c.) lattice was used as an effective medium where each lattice site represents a 
position of an Ag interstitial in a locally stable state and the number of neighbors on the lattice 
represent number of nearby minima for Ag interstitial that are connected to the original minimum 
by a single hop. Then the lattice sites of f.c.c are randomly blocked (about 63.33% of sites) until 
the distribution of remaining nearest-neighbor sites reaches the mean (µ) and standard deviation 
(σ) of the distribution we obtained from fitting to DFT values. The blocked lattices are marked as 
inaccessible and not used in the simulation. The hop distance is taken from the distance between 
Ag interstitial, sampled from DFT calculations (Section 5.1.2). Since there was no significant 
correlation between the migration barriers and Ag interstitial site distances found in the 
calculations (Section 5.1.2) we assumed that the site energies and the KRA barriers can be 
chosen independently of site distances. Subsequently each site (e.g., A, B, and C in Fig. 5.2) was 
assigned a random site energy that is sampled from a fitted distribution of the formation energy 
(Section 5.1.2). The EKRA (e.g., ܧ௄ோ஺∗  and ܧ௄ோ஺∗∗  in Fig. 5.2(b)) is also sampled from a fitted 
distribution of DFT barrier values (Section 5.1.2).  Now the sampled site and EKRA energies are 
used to determine the saddle point migration energies (e.g., ܧ஺↔஻௦௔ௗௗ௟௘  and ܧ஻↔஼௦௔ௗௗ௟௘ ) and hop 
barriers for KMC. 

 

 
Figure  5.2 (a) A schematic of the randomly blocked sites model, where cross represents blocked 
(inaccessible) sites and open circle represents open (accessible) sites. (b) A schematic of the combined 
scheme of random site energies and random barriers (with KRA) models used to construct the energy 
landscape when the system evolves from A to B to C. See text for details. 

 
The kinetic Monte Carlo (kMC) method was employed to time-evolve the system and 

observe Ag interstitial diffusion. The simulation was performed on a virtual lattice, using 
parameters fitted to DFT calculations as described above. Experimentally measured GB 
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dimensions were used for the simulation cell of the virtual lattices (which we will refer to as a 
virtual HEGB). The virtual HEGB structure should match a typical grain size and HEGB width. 
With this goal in mind the HEGB structure is set to be a rectangular plate with side of 
approximately 980nm (~1 µm) and thickness of 1 nm (z-direction) [78, 84] in this work. Owing 
to the low formation energies of Ag defects in HEGB (Section 5.1.2), Ag is assumed to stay 
within the assumed constant finite thickness of the GBs. Therefore, PBC were applied on the 
virtual lattice except along the z-direction. The Bortz-Kalos-Liebowitz [105] algorithm was used 
in the kMC model. The hopping rates (Г) for Ag atoms are given by the transition state theory as 
Г = ω exp(-EA/kBT), where ω is attempt frequency and EA is the migration barrier of the hop. 
The ω value is assumed to be equal to a typical phonon frequency for a heavy atom, which we 
take as 1.0×10-12s-1. The activation barrier (EA) for each hop is estimated by the formalism of 
EKRA energy associated with energies of two equilibrium sites. In each step of kMC, Ag migrates 
from the current lattice site (i) to one of Z neighbor lattices. The probability for Ag to migrate 
from lattice site i to j is determined stochastically by Pij= Гij / Σ௡ୀଵ௓  Гin, where j is a positive 
integer from an interval (0,Z]. Next, the system is updated to the j state with an increment of time 

forward,	∆ݐ, given by ∆ݐ	=൫∑ ΓijZn=1 ൯-1 ln(ିݑଵ)), where u is a uniform random number between 0 
and 1. The Ag diffusion coefficient is determined by the Einstein relation, DAg= < r2

Ag (t) > / 2dt, 
from the calculated mean square displacement as a function of time [106], where d is the 
dimensionality of the system in which Ag diffuses (here d = 2), t is time, and < r2

Ag (t) >  is the 
mean square displacement of Ag as a function of time. We evaluate the average using the 
multiple time origin method [107]. For the quasi-two dimension HEGB of interest, <r2

Ag (t) > = 
1/Nt [ Σ௝ୀଵே೟  [[ rx(oj+(N/2)) ˗ rx(oj)]2 +[ry(oj+(N/2)) ˗ ry (oj) ]2] where Nt is the number of time origins, 
and the quantity rx(oj+(N/2)) - rx(oj) is the displacement along the x-direction over the time span 
between time origin oj and oj+(N/2) (analogous quantities for the y-direction). The diffusion along 
the z-direction is negligible within the geometry of HEGB (1nm in thickness with no PBC vs. 
effectively infinite diffusion in the x-y direction due to PBCs) and therefore is not considered for 
simplicity. For statistical reliability we choose the number of time origins Nt to be half the total 
number of time steps, N/2. For the given N time-steps, < r2

Ag (t) > is computed for N/2 possible 
time origins between j and (j + N/2) time steps. The kMC simulation is allowed explore the 
system across multiple periodic boundaries along x and y directions. The converged diffusion 
coefficient values were extrapolated from a linear fit to a plot of < r2

Ag (t) > vs. t.  Each 
simulation was typically performed for 10 billion kMC steps to obtain a well-converged fit. 

 

5.1.2 DFT Calculations of Ag Energetics  
 

In order to understand the transportation behavior of Ag in the a-SiC, it is important to 
determine which Ag defect is stable and will contribute to the diffusion. To determine the 
dominant Ag diffusion species in a-SiC, first the formation energies of the point defects 
(vacancies, Ag substitutionals on Si and C lattices, and Ag interstitials) were studied. These 
defects were sampled over a wide range of local environments and the results are summarized in 
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Table 5.1. Note that values for a-SiC (part (b)) of Table 1 are the average values over many 
defect sites, along with a standard deviation to represent the spread in values. The sampled set 
includes 30 vacancies, 30 substitutionals, and 153 interstitials, where this latter set is quite 
comprehensive and discussed in Section 5.1.2. All the defect types in a-SiC, on average, had 
lower Ef than those in the single crystal SiC (sc-SiC). Particularly, Ag interstitials showed a 
dramatic difference in formation energy in a-SiC compared to sc-SiC. For most of the interstitial 
sites, Ag interstitials in a-SiC had 7-8eV lower Ef than the most stable Ag interstitial (10.49 eV 
[16]) in sc-SiC (a tetrahedral site surrounded by four carbons), although a few interstitial sites in 
the a-SiC had energies as high or higher than Ef in sc-SiC. Some of the Ag interstitial formation 
energies were near zero or negative in energy, i.e. the Ag was more stable in the a-SiC than as 
bulk metallic Ag. This result suggests that Ag will segregate strongly to HEGBs, consistent with 
what has been found in previous GB studies [45]. 

 
Table 5.1 Formation energies of neutral defects (Vac = Vacancy, Sub = Substitutional, and Int = 
Interstitial) in (a) sc-SiC [16] and in (b) a-SiC. In part (b), the average (AVG) and standard deviation 
(STD) of defect formation energies are listed. Energies are given in eV and are for Si-rich conditions and 
referenced to Ag metal. 

(a)sc-SiC Vac Ag Sub Ag Int 
 C site Si site C site Si site TCa TSi b 
 4.19 7.63 7.39 6.60 10.49 11.38 
(b) a-SiC Vac Sub Int 

 C site Si site C site Si site - 
AVG  -0.23 2.34 0.96 2.71 3.50 
STD  1.24 1.38 1.18 1.01 1.91 

aTetragonally coordinated between four C atoms 
bTetragonally coordinated between four Si atoms 
 

Based on the stability of Ag defects, the dominant diffusion mechanism in the a-SiC can be 
constrained by the following the arguments. We have considered vacancy-mediated 
substitutional diffusion and interstitial diffusion mechanisms. First, a substitutional diffusion 
mechanism is considered, as the formation energy of vacancies and substitutionals are 
energetically more favorable than interstitial in general. However, substitutional diffusion 
requires a migration of a vacancy [16], and this process is even less favorable in the amorphous 
system than the crystalline. We have found that to migrate a vacancy around Ag in a-SiC has a 
barrier typically in the range of 4-7eV, and migration of a vacancy in a-SiC without Ag has an 
energy barrier of 3.0-4.5 eV from test on five barriers for each cases.  These values are both quite 
high, and will lead to slow vacancy mediated Ag diffusion. Secondly, an interstitial diffusion 
mechanism is considered. Table 5.1 shows that that the average formation energy of Ag 
interstitials are > 2 eV more than Ag substitutionals so it might be expected that Ag in HEGB 
exists primarily as substitutionals, not interstitials. However, in the most stable substitutional and 
interstitial sites we studied, Ag formation energies were -0.84 and -0.59 eV, respectively, which 
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are about equal. This result suggests that for the most stable cases, which might be expected to 
dominate the behavior of small amounts of Ag, both substitutional and interstitial Ag may be 
approximately equally stable. The migration barriers, however, were typically around 1-3 eV for 
Ag interstitials, which is considerably lower than the typical barriers for vacancies. Given these 
energy trends, Ag transportation via interstitial mechanism is expected to be dominant 
mechanism and is the mechanism which we focus on in this paper.  We note that the above 
qualitative argument is insufficient to rule out the possibility of a fast vacancy mediated path, 
and such transport mechanisms are a useful topic for further study. 

To model Ag interstitial diffusion in a-SiC, the energy landscape of Ag interstitials was first 
investigated. In an amorphous material, locating extrinsic interstitial defect sites is challenging 
because of lack of long-range order. Many approaches to identify interstitial sites have been 
proposed in other amorphous systems [108-111]. To achieve a complete list of possible Ag 
interstitial sites, we have taken a brute force but comprehensive approach to identify possible 
sites. Specifically, we identified all existing interstitial sites by gridding our entire supercell with 
a fine uniform grid and relaxing a Ag interstitial at every grid point in the cell. A similar 
approach was used to study Li diffusion in amorphous oxides [111]. When necessary, gridding 
points were shifted so that they were at least 1.5 Å from any adjacent host atoms to avoid a 
numerical instability. The ideal grid density was tested for ¼ of the simulation cell to verify a 
maximum grid size that could still to capture all existing minima. It was determined that a grid 
size of 1 Å on a side was adequate to find all the interstitials. 

For the a-SiC sample, we investigated 113 grid points and identified 247 apparently distinct 
Ag interstitial sites. However, many of these sites were found to be close to each other, both 
energetically and geometrically. These similar sites may fail to relax to a single site due to the 
fact that the calculations are at zero temperature and have a complex energy landscape with 
many weakly separated local minima. At finite temperature, on the other hand, the Ag will likely 
thermalize into just one effective site, even if a number of very nearby ones are found at zero 
temperature. Therefore the hierarchical clustering approach [110] was employed to group the 
close configurations into clusters while having the lowest energy state represent the cluster. All 
Ag within a cut-off distance were grouped together. The cut-off distance was set to be 0.5 Å, 
which is about 1/4 of the shortest bonding length between Ag and host atom for a bulk interstitial 
(the bonding length of Ag and C in the bulk sc-SiC interstitial position is 2.076 Å). Thus we are 
making the approximation that sites within this cut-off distance are essentially equivalent. The 
following observations support the idea that the clustering will not have a significant effect on 
the Ag interstitial diffusion at the temperature range of the interest (1200-1600°C). Firstly, the 
energy variation within a cluster was typically found to be no larger than 50 meV, 100 meV at 
most. Also the migration barriers between configurations in clusters were found to be less than 
200 meV in all the 10 cases checked. These results suggests that within a cluster the Ag will 
easily move between sites at high temperatures, which will cause the cluster to behave like a 
single effective local minimum for Ag. 

The distribution of formation energies is shown in Fig. 5.3 (a). The formation energies of Ag 
interstitials in a-SiC had an average value of 3.50 eV and this value is ~7 eV more stable than the 
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most stable Ag interstitial in sc-SiC (10.49eV [16]). The values range from -0.59 to 8.21 eV, with 
a standard deviation of 1.91 eV. The Ag, which is an impurity with a relatively larger size than 
those studied in similar amorphous systems [108-110, 112-115], turned out to be highly stable as 
interstitial in a-SiC. Figure 5.3 (b) shows the Ag distance from one interstitial site to the nearest 
neighbor site. The figure shows that 95% of interstitial sites have a nearest-neighbor interstitial 
site within 2.0Å and 100% within 2.75Å.  
 

 
Figure 5.3 Gridding approach results after clustering (a) Distribution of formation energy with a bin size 
of 0.5 eV. Comparison to Gaussian distribution parameterized by mean and standard deviation from 
gridding method. (b) Distribution of Nearest-Neighbor cluster distance from one cluster to the other with 
a bin size of 0.5 Å.  

 
Migration barriers that are needed for a diffusion analysis of Ag in a-SiC are calculated using 

the CNEB. A number of migration barrier calculations are performed to achieve a statistically 
robust dataset. Instead of gathering barrier energies for all possible migrations, we focused on 
elucidating the systematic features of barriers as the sampling size increase. Fifty pairs of 
minima, approximately 1/6 of the total number of transition states, are randomly sampled. The 
distribution of migration barriers as a function of the relative Ag distance is shown in Fig. 5.4(a). 
The energy barrier for a hop is dependent on the energy state of two endpoints and thus two 
values (barrier from low energy state to high energy state (L-H) and vice versa (H-L)) are plotted 
for each reaction. It is observed that there is no correlation between the barrier and the Ag hop 
distance. However, most of the CNEB calculations between sites with distance larger than 2.5Å 
failed to discover a single saddle point (not shown in Fig. 5.4). They either showed a 
convergence failure, likely due to significant difference in local ordering that requires movement 
of multiple atoms, or found two saddle points, which is not a single hop and involves another 
minimum between them. Therefore 2.5 Å was used as a cutoff distance to determine the number 
of neighbor interstitial sites (Z) from an interstitial site. The Z distribution and the normal fit to Z 
are shown in Fig. 5.5. On average, interstitial sites had Z=4.4, which represents the average 
number of sites to which Ag can migrate by a single hop. 
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The EKRA values as shown in Fig. 5.4(b) are distributed normally in the range of 0.4-2.2 
eV.  Table 5.2 gives the results of fitted normal distributions for Ag interstitial sites for both 
coordination and energetics. With the KRA formalism and values in Table 5.2 and Equation 5.1 
the number of possible hops and their migration energies associated with leaving a given site can 
be sampled. Therefore, now we can stochastically generate the Ag atom hop energetics that are 
needed at each kMC step. 
 

 
Figure 5.4 Result of migration barrier calculations for Ag in a-SiC: (a) Energy barriers between two 
minima plotted as a function of relative distance of minimum. The barrier from high to low and low to 
high energy state is marked with "H-L" and "L-H" respectively. (b) A histogram of EKRA values from 
calculated migration barriers in (a). 
 

 
Figure 5.5 A histogram of the number of neighbor interstitial sites (Z) from an interstitial site within the 
cutoff distance of 2.5 Å of relative Ag positions. A normal distribution fit to the data is shown with red 
line. 
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Table 5.2 Mean (μ) and Standard deviation (σ) of diffusion related parameters from ab initio calculation. 
All three parameters were fitted to normal distributions (FIG. 5.3(a), FIG. 5.4(b), and Fig. 5.5). SEμ and 
SEσ are the standard errors of mean and standard deviation ((SEμ = σ / √n, and SEσ ≈ σ/ ඥ2(n − 1) 
[116])) from the distribution.  

 μ σ SEμ SEσ

Ef (eV) 3.50 1.91 0.15 0.11 

EKRA (eV) 1.05 0.54 0.08 0.05 

Z (sites) 4.4 2.1 0.17 0.12 

 

5.1.3 Kinetic Monte Carlo Model for Ag Diffusion 
 

With the statistical distributions from Table 5.2 we performed a kMC simulation as described 
in Section 5.1.1. To be more specific, we first constructed a virtual medium of f.c.c. lattice sites 
where f.c.c. sites correspond to Ag interstitial sites. The single Ag hop distance (lattice distance 

in EMA) is taken as ඥℎଶതതത = 2.1 Å, where h is Ag hop distance sampled from DFT calculation, 
and  ℎଶതതത is the mean of h2 for all sampled Ag hops.  Then sites are randomly removed (i.e. 
become inaccessible) until the distribution of number of remaining nearest neighbor sites agrees 
with the mean and standard deviation of Z, sampled from a-SiC (Table 5.2). The formation 
energies are randomly assigned to remaining sites by sampling from the fitted normal 
distribution of Ef in Table 5.2. The migration barriers between sites are computed by Equation 
5.1, where EKRA is sampled from the normal distribution in Table 5.2. After the Ag interstitial site 
network has been established, a single Ag is randomly placed on one of the sites and its 
movement is determined by the rates of migration using kMC.  

It is important to carry out the sampling correctly and to generate a realistic energy 
landscape. We have identified two factors that in general may lead to an unrealistic (or 
inefficient) sampling and that were adjusted for in our model. First, we considered if there might 
be a relation between a minimum that has a low number of possible hops, and its surrounding 
energy landscape. Physically this might correspond to there being a particular tendency for a site 
far from any others to be unstable and have a low barrier for migration. Since the long time steps 
(where ∆t is much larger relative to those of typical steps) are most likely to occur when Ag sits 
on a site that has small number of neighbors and is the bottom of the potential well, this type of 
correlation could play a critical role. We found in our ab initio calculations that all the minima 
with low number of nearest neighbors (Z=1 or 2) are higher in their energy than energies of 
neighboring minima. In fact, low Z minima were found to be higher in formation energy than the 
average of neighboring energy minima by 1-2eV.  This correlation implies that Ag atoms are less 
likely to be found at these meta-stable low Z minima under equilibrium condition of dilute 
solution. This correlation is included in our model by setting the energy of low Z sites (Z=1 or 2) 
to 1.5 eV higher than the average energies of their neighboring minima. 
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Another important consideration related to the possibility of generating an unrealistic energy 
landscape is the sampling of parameters from tails of Gaussian distributions. Although we have 
shown that it is a reasonable approach to take parameter distributions as Gaussian, the analysis 
was based on considering the middle regions of the Gaussian, not the tail regions. However, a 
significant number of samples from the Gaussian distributions during the kMC runs include 
many points in the far tail regions of the Gaussians, which may not be representative of the real 
system. Considering that our actual ab initio results are all within two standard deviations from 
mean value, the sampling is likely accessing many values that are far from the ab initio 
observations. Thus we constrained the minimum and maximum values from sampling to be 
consistent with those obtained from the ab initio calculations. The values are still sampled from 
the Gaussian distributions (Table 5.2), but values outside those limiting cases seen in the ab 
initio calculations are not used. 

It is possible that the diffusion of impurities in a disordered material can be different in 
different regions. To account for possible spatial deviation of the distribution parameters, we 
have explored 1/8 volume fraction of another 128 atom a-SiC test structure (prepared in the same 
manner as described in Section 5.1.1) with DFT calculations and we discovered 31 interstitial 
minima. The distribution of formation energies followed normal distribution as well. The 
formation energies distribution from this new data set followed N(3.24, 2.21) with standard error 
of mean SEμ = 0.40 and standard error of standard deviation SEσ = 0.28, where the original 
distribution was N(3.50, 1.91). For the EKRA, about 1/6 of possible transition states within the 
sub-region were examined. The EKRA also showed a normal distribution of N(1.14, 0.58) with 
standard error of mean SEμ = 0.15 and standard error of standard deviation SEσ = 0.11,  where 
the original distribution was N(1.05, 0.54). The mean and standard deviation values from the 
distributions associated with the new structure are within the standard error range (Table 5.2) of 
those computed for the previous structure. As both variables had distribution parameters within 
their standard error range, we conclude that the distributions are not statistically distinct. This 
result suggests that the distributions determined from our first cell are adequately general for 
modeling the energy landscape for Ag in HEGB. 

The typical HEGB dimensions are approximately 1μm×1μm×1nm and we will assume that 
this is large enough that the Ag diffusivity in a given HEGB is indistinguishable from that which 
would be obtained from an infinite HEGB, denoted Deff.  In order to determine Deff  we model 
diffusion in a series of cells each with dimensions of 140nm × 140nm × 1nm, as larger cells were 
too computationally expensive. To obtain the effective infinite cell diffusivity we calculated the 
Deff for a number of the 140nm × 140nm × 1nm simulation cells in series. Specifically, Deff is 
estimated as the harmonic mean of diffusion coefficient in each simulation cell, or Deff = n / [1݊=݅ߑ  
(Di)-1], where n is the number of sampling (n=350) and Di is the diffusion coefficient from each 
simulation cell.  

Due to the significance of EKRA formalism in our model, it is expected that the largest errors 
will stem from the EKRA distribution. Although we have shown the sampled EKRA distribution can 
effectively represent the distribution in a-SiC, the effective diffusivity can be sensitive to the 
change of EKRA within the standard error range. Hence, here we analyze the impact on Deff of the 
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uncertainty in EKRA by considering two extreme conditions for EKRA. We assume that the 
distribution can be shifted within the standard error range of our computed distribution mean and 
sigma. The standard errors (SEμ, SEσ) of measured distribution mean (μ) and standard deviation 
(σ) were summarized in the Table 5.2. We define the total uncertainty due to EKRA sensitivity by 
setting mean and standard deviation to result in their extreme values and studying the range of D.  
In other words, for the (a) upper bound of D we set μ' = μ ˗ SEμ and σ' = σ + SEσ and for the (b) 
lower bound of D we set μ' = μ + SEμ and σ' = σ ˗ SEσ. In the kMC simulation, Deff values are 
predominantly determined by relatively slow hops with large t, which is due to high migration 
barrier. More sampling of higher values for EKRA will therefore give lower D. The upper bound 
case samples barrier from distribution with lower mean and smaller spread, which barriers are 
sampled from left tail of parent Gaussian distribution. For the lower bound D, barriers are 
sampled from a distribution with higher mean and larger spread, which distribution center lies 
near and above the right tail of the parent Gaussian distribution. The Defftotal for cases (a) and (b) 
are calculated as done for the original EKRA distribution at each temperature, but now using the 
newly determined EKRA distributions to estimate a lower and upper value and corresponding error 
range for Defftotal.  

Another potentially significant uncertainty stems from the statistical error in D sampling 
from kMC modeling. For statistical reliability, Deff values were computed from the harmonic 
mean of 350 of the 140 nm × 140 nm × 1 nm cells at each temperature. The standard error of Deff  

(SE(Deff)) is estimated by the equation proposed by Norris, SEN(Deff) = (Deff)2 × [σ(1/ Di) 
/√݉ − 1], where the σ(1/ Di) is the standard deviation of the reciprocals of the Di, and m is the 
number of the sampling [117]. We note that this formula effectively relies on a first-order Taylor 
expansion which may not provide an accurate estimate for our values.  We therefore also 
estimate a bound on this error by blocking the 350 calculations into 10 blocks of 35 and 
calculating the standard error in the mean of these blocks.  This also provides an estimate of our 
error and we denote this block based approach as SEB(Deff).  We found that the statistical error 
from number of sampling was generally significantly less than the uncertainty from EKRA. For 
example, the SEN(Deff) (SEB(Deff)) at 1673 K was found as 5.1×10-19m2s-1 (8.9×10-19m2s-1)  while 
the estimated errors (the difference between the upper and lower bound) from EKRA was 4.2×10-

18m2s-1. The total error from two sources is added in quadrature at each temperature, where we 
always use the larger of the two values of SEN(Deff) and SEB(Deff),  and shown in Fig. 5.6. 

The calculated Deff in the range from operating to accident temperature of TRISO fuel 
particles (from 1200 to 1600 °C) are shown in Fig. 5.6 at each temperature. The diffusion 
prefactors (D0), the effective activation energies (QA), and the diffusion coefficient (D) at 
1300 °C and 1600 °C from the literature are also summarized in Table 5.3 and Fig. 5.6. Ag 
diffusion simulations were performed in 50 virtual HEGB cells for each temperature. The error 
bar includes the uncertainty range of D values due to EKRA sampling during kMC (See above for 
details on the error calculations, where we find that among possible sources of likely error, 
uncertainty arising from EKRA sampling is the most significant.), and all of the calculated D 
values are found within the error bars. The diffusion coefficients show Arrhenius type diffusion 
and the pre-exponential factor (D0) and effective activation barrier (EA,eff) are extrapolated from 
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the Arrhenius relation Defftotal = D0·exp(-EA,eff / kBT), where kB is the Boltzmann constant. The 
effective activation barrier (EA,eff) and diffusion prefactor (D0) predicted by our model are 2.79 ± 
0.18 eV and (2.79 ± 1.09) × 10−10

 m2s-1, respectively. This fitted Arrhenius relation is shown in 
Fig. 5.6 and shows an excellent agreement with the calculated values. In Fig. 5.7, the effective 
activation barrier is compared with reported experimental values (open symbol=integral release, 
and filled symbol = ion implantation), and theoretical predictions (filled triangles) in different 
structures of SiC.  

 

 
Figure  5.6 The temperature dependence of Ag diffusion coefficients. Ref [16, 45] are the upper bounds 
for D in crystalline 3C-SiC and ∑3-GB from computational study. Ref [49, 61, 82] are integral release 
data from irradiated TRISO particles. Open symbols are Arrhenius fit of measurements from irradiated 
TRISO particles and filled symbols represents reported values from non-irradiated SiC from both 
surrogate experimental and computational studies. Note the downward arrows are indications that the 
value is upper limit (i.e. the estimation of D is less than this value). The Arrhenius fit for Ag diffusion in a 
HEGB from this work is shown with red dashed line. 
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Figure 5.7 Effective activation energy barrier in this study and literature values [5, 16, 45, 49, 61, 62, 81-
83]. Note that values predicted in the bulk and ∑3-GB are activation energies for Ag specific species and 
directions, respectively.   
 
Table 5.3 A summary of reported diffusion coefficients for Ag in SiC in the form of an Arrhenius relation

( )0 A Bexp Q / TD D k= × −  when available. The temperature range shown gives the range of 

temperature values used to fit the Arrhenius relation for D. 
Method and Reference Temp.(°C) ࡰ૙(ܕ૛ିܛ૚) ࡭ࡽ  D (T=1300°C) D(T=1600°C) (܄܍)

Experiments 

Integral Release 
Brown [48] a1500 - - - a1.5 × 10ିଵ଺ 
Nabielek[49] 800-1500 6.8 × 10ିଽ 2.21 5.7 × 10ିଵ଺ - 

Amian[82] 1000-1500 4.5 × 10ିଽ 2.26 2.8 × 10ିଵ଺ - 

Bullock [83] 1200-1500 9.6 × 10ି଺ 4.24 - - 

Fukuda [62] 1300-1500 6.8 × 10ିଵଵ 1.84 - - 

Verfondern (FRG)[61] 1000-1500 3.6 × 10ିଽ 2.23 2.6 × 10ିଵ଺ - 

Verfondern (USA) [61] 1000-1500 5.0 × 10ିଵ଴ 1.89 4.5 × 10ିଵ଺ - 

Verfondern (JAP) [61] 1200-1400 6.8 × 10ିଵଵ 1.84 9.0 × 10ିଵ଻ - 

Verfondern (RUS) [61] 1200-2300 3.5 × 10ିଵ଴ 2.21 3.0 × 10ିଵ଻ 4.0 × 10ିଵ଺ 

Van der Merwe [37] 920-1290 1.14 × 10ିଵଷ 1.13 2.7 × 10ିଵ଻ - 

Ion Implantation 
Friedland (CVD-SiC)[6] 1200-1400 2.4 × 10ିଽ 3.43 1.5 × 10ିଶଵ - 
bFriedland (6H-SiC) [5] 1200-1400 - - c < 1.0 × 10ିଶଵ - 

Friedland(CVD-SiC) [5] 1200-1400 4.3 × 10ିଵଶ 2.50 2.8 × 10ିଶ଴ - 

Maclean (CVD-SiC)[118] a1500 - - - a,c <5.0 ×
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10ିଶଵ 

Gerczak (CVD-SiC) [78] a1569 - - - a1.3 × 10ିଵ଻ 

Leng (CVD-SiC, Unirrad.) [119] a1569 1.04 × 10ିଵଶ 1.84 - a8.8 × 10ିଵ଼ 

Leng (CVD-SiC, Irrad.) [119] a1569 - - - a3.6 × 10ିଵ଻ 

Diffusion Couple 

Lopez-Honorato[80] 950, 1150, 
a1500 

- - - a2.99 × 10ିଵହ 

Lopez-Honorato[79] 1200 - - a(1.0 − 1600) × 10ିଵ଼ - 

Gerczak [78] 1500 - - - - 

Simulations 

Shrader(c-SiC) [16] dTST 6.3 × 10ି଼ 7.88 3.6 × 10ିଷଷ 3.9 × 10ିଶଽ 

Kahlil (∑3-GB ) [45] dTST 1.6 × 10ି଻ 3.95 3.5 × 10ିଵ଻ 3.7 × 10ିଵ଼ 

Rabone (∑5-GB)[81] e1227 - 3.35 a(0.22 − 10.5) × 10ିଵ଼ - 

This work (HEGB) 1200-1600 2.7 × 10ିଵ଴ 2.79  5.4 × 10ିଵଽ 7.6 × 10ିଵ଼ 
a Diffusion coefficient evaluated at specified temperature 
b Ag diffusion in single crystal SiC, if marked 
c Upper limit of diffusion coefficient as no detectable Ag diffusion was observed 
d By Transition State Theory 
e By Density Functional Theory Molecular Dynamics 

 

5.1.4 Discussion on the Impact of Ag HEGB Diffusion 
 

The above results suggest that HEGBs can provide fast diffusion paths. However, it 
necessary to discuss their contributions to the Ag release in a more general context of other GB 
related studies and more general aspects of the Ag release process. In particular, the HEGBs are 
expected to be the dominant Ag diffusion path not only because of their diffusion rate, but also 
because of the high prevalence and strong Ag segregation tendencies. Here we discuss each of 
these properties in relation to other GB studies, Ag release studies, and the general Ag release 
process. 

If HEGBs are to provide a fast Ag release path they must enable a connected (percolating) 
pathway through polycrystalline material. In pc-SiC, ∑3-GBs and random GBs (HEGBs) are the 
most abundant type of GBs [41, 78] and the HEGBs constitute a majority (>40%) of GBs in 
CVD grown SiC [84]. This value is high enough that it is expected to provide a percolating 
pathway [45]. It should be noted that of the GB types only HEGBs and ∑3-GBs, with their high 
fraction of all GBs, can provide a percolation path for Ag diffusion in SiC [45]. Thus, while it is 
possible that mobility of Ag in other non-∑3 CSL GBs are faster than in HEGB, other paths are 
less likely to explain accelerated diffusivity given that only HEGB can provide a percolating path 
for Ag transport. Therefore, it is reasonable to assume that HEGBs may provide the dominant 
pathways for Ag diffusion in SiC. 

If HEGBs are to provide a fast Ag release path, they must also provide stable sites for Ag 
segregation.  A strong segregation of Ag to HEGB is expected based on our calculations, and 
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results to date suggest this segregation is even stronger than for other CSL GBs. The formation 
energies for substitutional and interstitial Ag (Table 5.1) are significantly lower than the most 
stable states of Ag found for bulk (10.5 eV in AgTC).  Similarly, the most stable interstitials in the 
HEGB (which are as low as -0.59 eV) are lower than the interstitial sites found in ∑3-GB (5.32 
and 2.76 eV (both Ag-V clusters) [45]), and in a ∑5-GB (0.88 eV and 1.19 eV.)  Ag therefore 
appears to be notably more stable in the HEGBs than bulk [16] or in other CSLs [45, 81], and 
thus Ag is expected to segregate to these GBs.  This weak solubility in bulk SiC is consistent 
with the recent results of Hlatshwayo [59], who observed precipitates of implanted Ag in single 
crystal 6H-SiC after thermal exposure at T < 1300 °C, suggesting low bulk Ag solubility. 

A useful assessment of the solubility energetics in our model is to predict Ag solubility and 
compare it to values estimated from experiments. The solubility of the Ag in SiC (concentration 
per unit volume at equilibrium) can be estimated in the non-interacting limit using the calculated 
formation energies of Ag defects.  

 

Equation 5.2    B
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where i is the type of defect, ρi is the site density of defects of type i (number of sites per unit 
volume), and ܧி௜  is the formation energy of the defect of type i. For i = Ag interstitial in HEGB, 
the solubility limit ( HEGB

AgC ) is calculated by considering the amorphous SiC unit cell studied 

above and the n = 153 sites and their energies that were determined to be the effective stable Ag 
interstitial sites in that cell. For each interstitial site, we used a site density (ρi) value of (1 site / 
a-SiC cell volume).  The Ag solubility limit in the HEGB ( HEGB

AgC ) from Ag metal is predicted by 

this approach to be 4.60×1027 m-3 at 1200 °C, and 4.59×1027 m-3 at 1535 °C. The use of the Ag 
metal reference case is relevant for any situation where metallic Ag is in excess, e.g.,during ion 
implantation. Using the atomic density of the a-SiC cell used in this study, the total concentration 
of atoms in HEGB can be estimated to be about 8.96×1028 GB-atoms/m3. Taking the ratio of GB 
Ag solubility to GB atomic density, we can estimate that the Ag solubility is about 5.1 at. % (i.e., 
about 0.051 Ag for a Si or C) in the HEGB. From Equation 5.2, the Ag solubility limits in sc-SiC 
and Σ3-GB are calculated as Bulk

AgC =3.00×1010 m-3 and 3
AgCΣ  = 3.80×1018 m-3 at 1200 °C, and

 
Bulk
AgC =7.08×1013 m-3 and 3

AgCΣ  = 2.30×1020 m-3 at 1535 °C. The Bulk
AgC  and 3

AgCΣ

 
are calculated 

based on the neutral defect formation energies in Ref [16, 45], and these values are consistent 
with reported values [45]. It can be seen that the Ag solubility in GBs are significantly higher 
than in sc-SiC, specifically ×108 for Σ3-GB and ×1017 for HEGB at 1200 °C. These solubility 
limit differences are consistent with the Ag strongly segregating to GBs, especially to HEGBs.  

The GB solubility can be compared to experimentally measured (net) solubility from pc-SiC. 
In Ag-implanted SiC diffusion studies, the Ag solubility limits measured at 1535 °C are 
4.80×1022 m-3 [44] and 3.61×1022 m-3 [119]. Note that these are the net solubilities, including 
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contributions from crystalline regions and all GBs.  The net solubilities ( Ag
netC ) are higher than 

Bulk
AgC  by a factor of about 109. This comparison indicates that the net solubility cannot be solely 

explained by the bulk solubility, and is consistent with our above argument of a strong Ag 
segregation to GB. If the net solubility is converted into a GB solubility by assuming all the Ag 
is in GBs, then the GB solubility at 1535 °C is estimated from these experiments as 1-2 % atomic 
fraction of GB-atoms (as discussed in Ref. [119]).  If we further assume all the Ag is in HEGBs, 
which make up about half the GBs, then this value suggests a HEGB Ag solubility of 2-4%, 
which is is remarkably good agreement with the estimate from our calculations.  While this level 
of quantitative agreement is almost certainly fortuitous, the qualitative agreement supports the 
both our ab initio energetics and the model that Ag is predominately present in, and therefore 
transported by, HEGBs, at least in typical ion implantation studies. 

It is important to note that the above model for predicting Ag solubilities assumes no Ag-Ag 
interactions. While such as assumption is not unreasonable at just a few percent concentration, it 
is not clear this is overall a good approximation. We estimated the qualitative effect of Ag-Ag 
interaction by examining formation energies of two interstitials in the system and comparing that 
to their single isolated interstitial energies. Sets of two interstitial sites have been picked so the 
Ag-Ag distance is within 5.0 Å. For these calculations the presence of another Ag nearby 
increased the formation energy by about 1.4-2.0 eV/Ag. The increase in formation energy 
indicates that there is a significant interaction which will reduce Ag solubility relative to the 
predictions of the non-interacting model above. More work on a Ag solubility model including 
Ag-Ag interactions is therefore needed for more quantitative predictions of Ag concentrations in 
HEGBs. 

This work has provided the first guidance on the specific transport properties of HEGBs and 
suggests that these GBs are a good candidate for being the fastest Ag diffusion paths among 
different GB types. To further explore whether HEGBs are in fact the dominant mechanism, the 
DHEGB is compared to previous studies on other mechanisms and rates of Ag diffusion in SiC. A 
DFT study by Shrader et al. [16] showed extremely low Dbulk values (3.9×10−29 m2 s−1 at 
1600°C), suggesting that the GB diffusion is far more important than bulk diffusion, at least in 
the unirradiated materials. Study on Ag diffusion in a low angle ∑3 CSL grain boundary by 
Khalil et al.[45] has shown a relatively fast diffusion compared to Dbulk, but still slower than our 
DHEGB in the range of temperature considered, 1200-1600°C.  At 1600 °C, the ratio of DHEGB to 
DΣ3-GB is close to one, but our result indicates this ratio will increase as the temperature is 
lowered due to the difference in activation energies. In contrast, Rabone et al.[81] predicted a 
range of D∑5-GB to be higher than DHEGB as shown in Fig. 5.6, but their results shows 
inconsistency with both integral release (open symbols) and ion implantation measurements 
(non-triangle filled symbols). In fact, there are some potential sources of errors in the approach 
taken by Rabone et al. [81]. They extracted a migration barrier from a Ag hop in molecular 
dynamics, which hop was identified from the trajectory and from the change in potential energy. 
In this approach a single energy barrier for the Ag interstitial hop is used to extract D from the 
Arrhenius relation. However, it is not clear that this hop is fully representative given that the total 
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energies of the system before and after the hop were found inconsistent. Thus we take D from 
Rabone et al. to be an upper bound for the diffusion in ∑5-GB, as other larger barriers might 
exist. Although the data is very limited, from the comparison of reported Ds, Ag in HEGB is 
expected to diffuse at similar rates or faster than other GB or bulk mechanism in pc-SiC, except 
perhaps in the ∑5-GB. 

In the above arguments, we showed that the HEGBs can provide percolating, highly soluble 
and fast pathway for Ag transportation. This hypothesis is also supported by experimental studies 
on Ag diffusion in sc-SiC and a-SiC.  In a 6H sc-SiC [5, 27], no movement of Ag in SiC was 
detected at 1300°C [5] and 1500°C [27]. It was postulated that the Ag bulk diffusion is not fast 
enough to be observed on the experimental time scale, thus the upper bound of D values were 
estimated from the limited time of experiment. The slow Ag diffusion in sc-SiC is consistent 
with this work and other simulation studies [16, 45]. Particularly encouraging is that the Ag 
diffusion from amorphized 6H-SiC by Hlatshwayo [59] shows a quantitatively good agreement 
with our predictions for a-SiC. The agreement with Ag diffusion in amorphized 6H-SiC 
experiments not only supports the fast diffusion of Ag in disordered HEGBs but also suggests 
that the stochastic approach utilized in this work is indeed capable of reproducing realistic Ag 
transport. 

It is useful to compare the DHEGB to net diffusion coefficients in the pc-SiC to assess whether 
they support HEGB diffusion being the dominant mechanism in pc-SiC. As it can be seen from 
Fig. 5.6, DHEGB shows a good agreement with D values of the recent ion implantation 
experiments (non-triangle filled symbols) [5, 44, 78, 119] on 3C-SiC. The discrepancies with the 
existing non-irradiated experimental data on pc-SiC are within about a factor of ten, except the 
diffusion couple studies by López-Honorato et al.[79, 80]. They reported D value that is 3 orders 
of magnitude higher than DHEGB, and in fact these values are close to integral release 
measurements (Fig. 5.6, open symbols) [37, 48, 49, 61, 62, 82, 83]. In the studies of López-
Honorato et al. Ag diffusion was observed with SEM in a heat-treated diffusion couple, where a 
layer of silver was trapped between CVD-SiC layers. The fast diffusion observed perhaps owes 
to the higher concentration of Ag, which may support some form of accelerated Ag transport, 
e.g., through a dissolution type mechanism [73]. Similarly in the Ag/SiC vapor diffusion couple 
at 1500 °C, Gerczak [78] observed localized dissolution of condensed Ag at SiC surface and Ag 
penetrated into bulk in Ag-Si corrosion form, not by impurity diffusion kinetics. As the Ag 
concentration in these experiments is much higher than the expected Ag concentration in the SiC 
layer of TRISO particles [37, 49] the implications of these results for the TRISO particles is not 
entirely clear.  

There is a 2-3 orders of magnitude difference between our predicted DHEGB and the D from 
integral release measurements in the relevant temperature ranges of 1200-1600 °C. Compared to 
integral release measurements, other ion implantation experimental observations of Ag diffusion 
also exhibit a low value, quite consistent with our calculations. These experiments and our 
calculations are different from the integral release measurements in multiple ways, but perhaps 
the most obvious difference is that these experiments and our calculations do not involve 
irradiation. Therefore, we believe that the predicted DHEGB is an approximate upper bound for the 
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effective diffusivity in unirradiated pc-SiC. 
As just mentioned, integral release measurements show a clear discrepancy in diffusion rates 

when compared to most of the other studies, including both experiments (typically ion 
implantation) and modeling. The discrepancies are likely due to a combination of different 
factors. However a reasonable explanation for the disagreement of D values between integral 
release measurements, and ion implantation experiments and models is that irradiation affects Ag 
diffusivity in SiC. In general, radiation enhanced diffusion (RED) has been widely observed in 
metallic nuclear materials and semiconductors [120-122]. These irradiation effects, if they are 
occurring, must involve coupling over time as the integral release experiments are generally 
performed by heating samples that were irradiated previously, so the release is measured long 
after the irradiation has occurred. It is not clear how the irradiation, especially prior irradiation, 
might enhance the Ag transport, but below we discuss some possible mechanisms.  

Irradiation of SiC not only results elevated point defect concentration but also develops 
complex defect structures such as interstitial clusters, dislocations, and voids. Irradiation-induced 
defects may activate different diffusion mechanisms to create radiation enhanced diffusion 
(RED) of Ag, and this might take place in both bulk and GB regions. In irradiated SiC, however, 
it is likely that GB RED is responsible for the observed fast diffusion of Ag instead of bulk RED, 
based on the following argument. From earlier discussion we have shown that the Ag solubility 
in bulk expected to be low, and an extremely strong segregation towards GBs is predicted. 
Therefore, even if RED occurs in the bulk, the Ag will quickly end up trapped in GBs, which 
will then provide the dominant diffusion mechanism. Consistent with the hypothesis that the 
irradiation effects are dominated by RED in GBs, we showed in Section 3 (also Ref. [119]) that 
the sc-SiC does not show any enhanced Ag transport after irradiation, while irradiated pc-SiC 
clearly shows RED of Ag at 1400-1569 °C. These arguments support the hypothesis that GB 
RED may bridge the discrepancy of Ag diffusivity between integral release and other reported 
values. However, there is limited understanding in the possible mechanisms for RED in SiC 
GBs. In the following Section 5.2, we propos a Ag kickout mechanism [119], that can be active 
in GBs with crystalline qualities.  

5.2 Radiation Enhanced Diffusion 
 

Depending on irradiation temperature and fluence, different defect structures (such as 
vacancies, interstitials, interstitial clusters, dislocation loops, and voids) can develop inside of 
SiC during irradiation [123]. These irradiation-induced defects may change both bulk diffusivity 
and GB diffusivity of Ag and lead to radiation enhanced diffusion (RED).  In general it is 
unlikely that the observed RED of Ag is through a bulk mechanism, i.e., although bulk diffusion 
might be enhanced it is not likely that this mechanism is dominant.  First, such a mechanism 
would require significant amounts of Ag dissolved in the bulk SiC lattice. Calculations from 
Shrader, et. al. [16] showed that Ag solubility in bulk SiC is extremely low, suggesting that Ag in 
single crystal SiC and in grains within polycrystalline SiC could reside primarily in Ag 
precipitate clusters.  This hypothesis is consistent with recent experimental studies from 
Hlatshwayo [59], who found precipitates of implanted Ag in single crystal 6H-SiC after thermal 
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exposure at T<1300°C.  In addition, the extremely strong GB segregation predicted by ab initio 
studies [45, 124] implies that even if bulk diffusion were accelerated under irradiation, Ag would 
rapidly become trapped at GBs and the GB diffusion would dominate any transport in a 
polycrystalline material.  The absence of any bulk RED for Ag is consistent with our results in 
Section 3, where the single crystal SiC does not show any enhanced Ag transport after 
irradiation.  

The possible sources of RED in SiC GBs are difficult to analyze due to their structural 
complexity, but we here provide some qualitative considerations of possible mechanisms.  For 
GBs with significant crystalline qualities (these are most obviously low angle or coincident site 
lattice GBs, but also perhaps some regions of more disordered GBs) it is expected that 
mechanisms can be at least qualitatively described by a model that treats the local structure as 
crystalline.  Within that approximation, we considered what mechanisms might accelerate Ag 
diffusion in a crystalline environment, with the idea that these mechanisms might provide RED 
for some types of GBs.  We assume at the outset that these crystalline-like GB environments 
have enough disorder that there is sufficient Ag solubility for it not to cluster into Ag metal 
precipitates, as it is likely to do in pure bulk.  The stability of substitutional Ag and the barriers 
for Si and C vacancy mediated diffusion [16] suggest that substitutional diffusion of Ag is likely 
to be slow, and that facile Ag motion in a crystalline environment is most likely through some 
form of Ag kickout mechanism to access fast Ag interstitial motion.  Such a mechanism has been 
seen previously for other elements in crystalline SiC.  For instance, it was shown in Refs [113, 
125] that irradiation of SiC may enhance the bulk diffusivity of boron through the kick-out 
reaction ܣௌ + ܫ →  kick out impurity atoms from substitutional ܫ ூ, where intrinsic interstitialsܣ
sites ܣௌ to interstitial sites ܣூ.  A detailed model of possible kickout mechanisms which might be 
active during integral release experiments is given in following sections. 
 

5.2.1 Kickout Reactions as a Possible RED Mechanism 
 

Ag integral release experiments to date typically involve heating an irradiated SiC material 
often hundreds or thousands of hours after irradiation [32, 48, 49, 61, 62, 83, 126].  Therefore, 
any model to explain Ag integral release experiments in terms of RED must include a 
mechanism by which irradiation can alter the kinetics after the irradiation has long-since stopped.  
Excess vacancies are likely available in irradiated SiC after irradiation and commonly lead to 
RED in metals (e.g., see Ref. [127]).  However, a study from Shrader et al.[16] has shown that 
high intrinsic VSi and VC hopping barriers (approximately 2.70 eV, and 3.66 eV) mean Ag 
diffusion by vacancy mechanisms is expected to be quite slow even in the presence of greatly 
enhanced vacancy concentrations, and unlikely to provide the relatively low 2-3 eV activation 
energy observed in integral release experiments. An alternative possible mechanism of RED is 
Ag diffusion as an interstitial after being kicked out from its most stable substitutional position 
by a Self-Interstitial (SI). This mechanism is consistent with the fast Ag interstitial (notated as 
AgTC, tetragonally coordinated by C) diffusion predicted by Shrader et al. [16]. Although few 
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free SI will survive after irradiation, BSDs, which are speculated to be SI clusters, develop 
during radiation [56]. BSDs are quite stable, and will persist long after irradiation. These BSDs 
can be dissolved into interstitials [128] at the typical integral release experiment annealing 
temperature of >1200 °C, providing a source of SIs to kick out Ag in GBs and enable Ag motion. 
To assess if the kickout model for Ag RED is plausible we need to consider if the following 
quantities are consistent with the observed Ag diffusion: (i) the number of SIs provided by the 
BSDs, (ii) the rate SIs are generated by dissolving BSDs, and (iii) the rate of SI kickout 
reactions. 

 

5.2.2 Self-Interstitial as a Source for KickoutRreactions 
 

First the concentration of available SIs is taken into consideration. From simple geometric 
arguments we can approximate the SI concentration when disk-shaped BSDs are fully dissolved 
into SIs by Cୗ୍(at/mଷ) = C୆ୗୈ(1/mଷ) × 2π݀̅(m) × (at/m)		ୗ୧େିଵݎ̅ , where CSI and CBSD are number 
densities of SI (either a C or a Si) and BSD, ݀̅ is the average diameter of BSD, and ̅ݎୗ୧େ is the 
bond length of SiC in bulk (156 pm). Here we assume that the SI density in BSDs is the same as 
that of Si and C in SiC. In Table 5.4, TEM observations on BSD concentration and size from Ref 
[39, 129] are summarized, and the SI concentrations are estimated for each set of data under the 
assumption that the BSDs are fully dissolved. The CSI for neutron and self ion irradiations are 
approximately expected to be 1×1024-1×1026 at·m−3. In particular, CSI for C+ irradiated 4H-SiC, 
which was irradiated under conditions similar to those used in this study (similar radiation 
source, temperature, and dpa), is estimated to be 2.6×1024 at·m−3 [129]. The C+ irradiated 4H-SiC 
data will be used for the present analysis as it is the available data with the most similar 
irradiation conditions to the experiments performed here. However, note that all values for CSI in 
Table 5.4 are larger than this value, so this value provides a lower bound within the data we have 
collected. This exercise shows that the estimated CSI is greater by two orders of magnitude than 
the Ag solubility limit measured in our ion implantation experiment (~ 1×1023at·m−3), and 
greater by five orders of magnitude than Ag TRISO particle content measured before annealing 
in integral release measurements (1018-1019 at·m−3) [37, 49]. Also the irradiation condition of 
post-irradiation experiments [32, 48, 49, 61, 62, 83, 126] and our ion-implantation measurements 
are within reported BSD forming region reported in Ref. [39]. It is therefore reasonable to 
surmise that these experiments led to BSD formation and that these BSDs can provide a 
significant interstitial source during annealing. These results demonstrate that enough SI can be 
liberated from BSDs during post-irradiation annealing to potentially enable kicking out of every 
dissolved Ag many times over, supporting our hypothesis of SI enabled RED. It should be noted 
that the BSD dissolution rate and SI concentration can be different from one experiment to 
another, since they may have developed differently depending on the irradiation condition.  
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Table 5.4 Measured density and size of BSD in neutron and Si ion radiated SiC [39, 129]. The 
concentration of self-interstitials is estimated based on the geometry of BSD. 

Reference Implanted 
particles 

Irradiation 
Temperature 

(℃) 

Fluence 
(dpa) 

BSD 
Size(nm) 

BSD Density 
(1/mଷ) 

Estimated CSI 
(at/mଷ) 

Katoh, et 
al. 
[39] 

 
Neutron(3C-SiC) 

300 6 1.0 2.2×10
24

 3.7×10
25

 

800 4.5 2.6 2.6×10
23

 1.1×10
25

 

800 7.7 3.0 3.3×10
23

 1.7×10
25

 

Silicon(3C-SiC) 1000 10 4.0 2.6×10
23

 1.8×10
25

 

1400 10 10.0 2.3×10
21

 3.9×10
23

 

He, 
et al. 
[129] 

Neutron(3C-SiC) 300 10 1.1 1.20×10
24

 2.2×10
25

 

300 7 1.0 2.10×10
24

 3.6×10
25

 

500 7 1.9 7.80×10
23

 2.5×10
26

 

Carbon(3C-SiC) 600 0.5 1.3 5.00×10
23

 1.1×10
25

 

Carbon(4H-SiC) 1000 0.5 1.4 1.10×10
23

 2.6×10
24

 

 
Now we estimate the rate of BSD dissolution and associated release of Sis, which is an 

important factor to determine whether the SI mediated RED of Ag can be active during annealing 
experiments.  The dissolution rate ( dissolutionv ) for an n-atom cluster can be estimated from a 
simple model for thermally activated emission and diffusion away of the interstitials in the 
cluster into an infinite medium with no significant interstitial concentration (see Equation 5.3, 
taken from Ref. [130]). This model must be parameterized by specific properties of BSD 
observed in carbon irradiation experiments, and we choose those for the 4H-SiC (Table 5.4) due 
the similarity of irradiation conditions to this study. The SIA-clusters are assumed to be in the 
form of a disc plate and to be stoichiometric, which is the most stable composition [131]. 
Adapting the derivation of geometric reaction factor between a spherical-cluster and point 
defects, the thermal dissociation rate for disc-shaped clusters to emit i (Si or C) interstitial, 

vdissolution , can be written as [128] 
 

Equation 5.3   
2

1
D

0

2
( ) exp( / ( T))

ln( / )
dissolution

i i B
i m

d
v s D E k

r r

π− = −Δ
Ω   
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where Di is the diffusion coefficient of interstitial i in matrix, r0 is the dislocation core radius and 
is the half of the distance between dislocations.	݀̅ is the average diameter of BSD, and 	2̅݀ߨ  is the covalent bond radii between Si and C.  Ωi is ݎ̅ is given for the disk-shape cluster where ݎ̅݊=
the atomic size of element i, kB is the Boltzman constant, T is the annealing temperature, and 
ΔED is the binding energy of an interstitial to an SIA-cluster. The binding energy of interstitial 
can be calculated as ΔED=EF (n-1) + EF (1)  ˗ EF (n) [132] where EF(n) is the formation energy of 
n-atom SIA cluster and Ei  is the formation energy of a single interstitial in a perfect crystal of 
3C-SiC (taken as EC = -3.24 eV, and ESi = -3.17 eV [132]).  The EF(n)  are taken from the 
atomistic simulations based model developed by Watanabe, Morishita [131], which gave 
EF(n)=0.96n1+2.37n1/2. It should be noted that the defect formation energies in SiC, calculated by 
different potentials, have shown inconsistency with each other. Also a recent first principle 
calculation work by Jiang et al. [133] had shown the empirical potential may not be capable of 
predicting the correct energetics or structures of small carbon interstitial cluster. Hence, the 
correct formation energy model, even for larger interstitial clusters, may deviate from what was 
proposed by Watanabe et al. [131]. However, there is very limited knowledge of the free energy 
of SIA clusters, so we will follow the model from Watanabe, Morishita [131].  

The BSD is assumed to maintain the SiC stoichiometry, and we can therefore apply Slezov’s 
multi-component system scheme to Equation 5.3 to get: 

 

Equation 5.4  c Si

2

1
C Si

0

2 ( 1) ( )
 ( ) exp( ) ( )

Tln( / )
eff x xdissolution F F

eff

Bm

d E n E n E
v s D C C

kr r

π− + − −= ⋅
Ω    

 
where ܦഥ௘௙௙ and ܧത௘௙௙ are the effective diffusion coefficient and an interstitial formation energy 

for Si and C (
11 1

C, matrix C, matrix Si, matrix Si, matrix4 ( ) ( )effD x D x D
−− − = +  , and C C Si Si[ ]effE x E x E= + ). Ωഥ 

is the average atomic volume of Si and C,  Ci is the concentration of element i in bulk 
(CC=CSi=0.5), Ci, matrix is the i interstitial fraction in matrix, and Di, matrix is the diffusion 
coefficients in the matrix, where DC=(9.57×10-8 m2s-1) × exp(-0.78 eV/kBT) for C interstitials and 
DSi=(9.57×10-8 m2s-1) × exp(-1.58 eV/kBT) for Si interstitials. The migration barriers associated 
with interstitial diffusion are taken from  Watanabe, Morishita [132]. 

In this approach it is assumed that the dissolution process to liberate interstitials from BSDs 
is a non-equilibrium reaction and is not kinetically hindered at such high annealing temperature. 
Once interstitials are dissolved they are presumed to diffuse away in this model. The total 
concentration of dissolved SI in the system is estimated by integrating v-1 when the irradiated 
SiC is annealed for a period of time. In Fig. 5.8, the dissolved concentration of SI after 20, 200, 
and 2000 hrs annealing is predicted. The Ag solubility limit measured in this work is also shown. 
For SI kickout to enable RED of Ag there must be significantly more SIs than Ag dissolved in 
the SiC. For the annealing experiment in this work of 10 and 20 hours, the produced SI 
concentration is predicted to be lower than the Ag solubility limit. The analysis of SI 
concentration therefore indicates that the RED by Ag kickout reactions may show a very small 
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effect on the Ag distribution in this experimental work, consistent with what is observed. 
However, in the integral release experiments, the annealing time typically ranges from hundreds 
to thousands of hours [32, 48, 49, 61, 62, 83, 126]. Therefore SI concentrations in the integral 
release experiments are expected to be higher than Ag dissolved in SiC under given conditions 
and RED may occur. 

 
Figure 5.8  The SI concentration dissolved from BSD as a function of annealing temperature and 
annealing time (for 20, 200, and 2000 hours). The SI concentration is estimated using properties of BSD 
measured in C+ irradiated 4H-SiC. The SI concentration when the BSD is fully dissolved is denoted with 
a dash-dot line. The Ag solubility limit at about 1569°C is shown with black dot, and a guide to the eye is 
provided by the dotted line. 

 

5.2.3 Kickout Reaction Rates 
 

The next issue to explore in considering SI enabled RED is if the reaction rates for key steps 
in Ag kickout are fast enough to observe significant diffusion of Ag during annealing integral 
release experiments. The reaction rates will depend on the reaction barrier and energies of 
reactants and products. The change in enthalpy (∆E=∑Eproducts−∑Ereactants) and reaction activation 
barrier (EA) are shown for each relevant reaction in Table 5.5. Note that enthalpies and energies 
are taken as interchangeable under the assumption that we are working at 1 atm pressure. In this 
study, the products of reactions are assumed to be isolated defects that are not bound, and any 
binding energies of defects are not considered.  This approach assumes that binding and 
unbinding of defects is not rate-liming. One exception to this assumption is binding of kicked out 
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Ag interstitials to any defects left after the kickout reaction, as this binding could greatly alter the 
ability of interstitial Ag to diffuse. 

In Table 5.5, R.1-4 SI reactions with AgSub-V, the most stable Ag defect in bulk SiC (Ef=5.32 
eV) [16], are calculated. These reactions are not to kick out the Ag but merely to assess if the SI 
can easily and favorably fill a vacancy site, leaving just substitutional Ag (AgSub). The structure 
of AgSub-V (notated as	Agୗ୧– Vେ in Ref [16]) is that a Ag sits in between C and Si vacancy. 
Therefore the reactions are dependent on the orientation of SIs (e.g., C interstitial next to C 
vacancy (R.1) and C interstitial next to Si vacancy (R.3) will result different reaction energetics). 
In the R.3, the silicon interstitial relaxed on the carbon vacancy site instantly when two defects 
began to interact with each other, and formed Agୗ୧– Siେ with nearly zero reaction barrier. The 
reaction barriers for R.1, R.2, and R.4 are calculated as 1.07, 0.24, and 1.75 eV respectively. All 
reactions (R.1-R.4) were exthothermic (∆E< 0) and substitutional Ag defects are formed, with or 
without antisite defects depending on the reaction. We found that, for all SI reactions with AgSub-
V, the SI tends to fill a vacancy site to minimize total defect formation energy, with the specific 
site filled depending on the SI species and orientation. The products of these reactions (AgSub 
from R.1 and R.4, and AgSub−antisite from R.2 and R.4) cannot be directly related to fast release 
of Ag as they are largely immobile [16]. However, we found these products can further react with 
SI through a kickout reaction to create Ag interstitials that can contribute to Ag diffusion.      

The Ag kickout reactions by SIs are next investigated. Following Ref [16], we notate the 
final stable Ag interstitial, which sits in the tetrahedral site surrounded by C, with AgTC. The 
essential reactions to produce AgTC are shown as R.5-R.12 in Table 5.5.  R.5-R.8 show the 
reaction between SIs and substitutional type Ag defects, which not only are the next most stable 
defect type for Ag in SiC [16] but also are products of R.1-R.4, as discussed above. The reactions 
R.9-R.12 show kickout reactions of substitutional Ag that are bound to antisites, which are also 
products of R.1-R.4. For all kick-out reactions R.5-R.12 the activation barriers range from about 
2-5 eV. The reactions for substitutionals Ag on the carbon lattice (2.11 eV for R.5, and 2.71 eV 
for R.6) had lower activation barriers than those for substitutionals Ag on the silicon lattice (3.35 
eV for R.7, and 5.14 eV for R.8). Except R.8, the formation of AgTC by kickout of an isolated 
AgSub is overall energetically favorable. For R.9-R.12, where Ag is next to an antisite, the 
reaction barriers for Ag kickouts are 1.57, 0.88, 0.34, and 0.01 eV. These reaction barriers are 
calculated to be lower than kickout barrier for substitutional Ag (R.5-R.8). However, it was 
found that the interstitial Ag next to an antisite defect formed a bound defect cluster of Ag with 
the antisite defects (a Ag – Antisite cluster). We define the binding energy of these clusters (Eb) 
as the energy of the cluster minus the energy of the antisites in the same positions as in the 
cluster and the energy of the AgTC isolated from the antisites (i.e., the products minus reactants 
for AgTC + Antisite → AgInt – Antisite cluster). The AgInt–Antisite cluster binding energies were -
3.12 eV for the product of R.9 and -3.83eV for the product of R.12. Therefore, forming these 
AgInt–Antisite clusters are unlikely to result in mobile Ag. For these cases, Ag atoms are likely to 
be trapped in a defect cluster and remain immobile. The AgInt–Antisite binding energies are only 
-0.63eV and -0.45 eV for the product of R.5 and R.10, and positive for the product of R.11 
therefore long-term significant Ag trapping would not occur for these reactions.  



Final Report  January, 2016 

 74

 
 
 
Table 5.5 Reactions between SIs and most stable Ag defects in bulk. The reaction activation barriers (EA) 
and the change in enthalpies (∆E=Eproduct-Ereactant) are calculated for each reaction.   

* The products of these reactions actually form bound Ag interstitial – antistite (AgInt–Antisite) 
clusters, in some cases with significant movement of Ag off the AgTC position and energy 
stabilization. Please see text for details. 
** The binding energy (Eb) of Ag interstitial – antistite (AgInt–Antisite) clusters, defined as 
products minus reactants for AgTC + Antisite → AgInt–Antisite cluster. 
 

A number of reaction paths to kick out Ag from a substitutional site can be identified from 
Table 5.5.  For all types of stable Ag defects considered here, we have discovered a number of 
energetically favorable reaction paths to kick out Ag and form AgTC.  For each path, we 
summarized the rate-limiting barrier (ER) and the total change in the free energy (∆Et) when 
forming AgTC from initial point defect energies.  Once the unbound Ag interstitial is formed, we 
are approximating the migration barrier for AgTC to be equal to the AgTC migration barrier in bulk 
SiC, which is 0.89 eV. It should be noted that AgInt–Antisite clusters are often more stable than 
unbound AgTC (i.e., the binding energies (Eb) of bound state of AgInt–Antisite clusters are 
negative) and the paths which involve these clusters in their reaction are marked with '*' in Table 
5.5. In these cases, only paths involving weakly bound Ag-Antisite clusters (R.5* and R.10*) are 
considered for favorable reaction paths as Ag atoms are rarely trapped. 

Here, we explicitly consider the two-step reactions for transforming AgSub-V cluster into 
a mobile AgTC.  These paths involve a first step where vacancy of AgSub-V defects are filled (R.1-
R.4). The vacancy filling reactions are exothermic and have energy barriers < 1.75 eV, which are 

Reac. # Reaction ∆ܧ (eV) ܧ஺ (eV) 

R.1 (Ag–V) + C୍ → Agୗ୧ -5.63 1.07 
R.2 (Ag–V) + C୍ → Agେ−Cୗ୧ -1.66 0.24 
R.3 (Ag–V) + Si୍ → Agୗ୧−Siେ -3.93 - 
R.4 (Ag–V) + Si୍ → Agେ -6.63 1.75 
R.5 * Agେ + Si୍ → Ag୘େ + Siେ -2.09 (-0.63**) 2.11 
R.6 Agେ + C୍ → Ag୘େ -3.85 2.71 
R.7 Agୗ୧ + Si୍ → Ag୘େ -4.86 3.35 

R.8 * Agୗ୧ + C୍ → Ag୘େ + Cୗ୧ 0.97 (-3.47**) 5.14 
R.9 * (Agେ– Cୗ୧) + Si୍ → Ag୘େ+Siେ + Cୗ୧ 0.77 (-3.12**) 1.57 

R.10 * (Agେ– Cୗ୧) + C୍ → Ag୘େ+Cୗ୧ -0.99 (-0.45**) 0.88 

R.11  (Agୗ୧– Siେ) + Si୍ → Ag୘େ+Siେ -3.36 0.34 

R.12 * (Agୗ୧– Siେ) + C୍ → Ag୘େ+Siେ + Cୗ୧ 1.36 (-3.83**) 0.01 
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small enough that this fist step is never rate limiting. Then these paths have a second step where 
the substitutional Ag is kickout out.  Here we list each possible path, labeled P.1 – P.5. 
 
(P.1) C interstitial reacts with AgSub-V to fill C sublattice. Then Si interstitial kicks out the AgSi 
to form AgTC (R1→R.7). ER= 3.35 eV. ∆Et= -10.49 eV. 
(P.2) C interstitial reacts with AgSub-V to fill Si sublattice. Then C interstitial kicks out the AgC-
CSi to form AgTC (R.2→R.10*).ER= 0.88 eV. ∆Et= -2.65 eV. 
(P.3) Si interstitial reacts with AgSub-V to fill C sublattice. Then Si interstitial kicks out the AgSi-
SiC to form AgTC (R.3→R.11). ER= 0.34 eV. ∆Et= -7.29 eV. 
(P.4) Si interstitial reactions with AgSub-V to fill Si sublattice. Then Si interstitial kicks out the 
AgC to form AgTC (R.4→R.5*). ER= 2.11 eV. ∆Et= -8.72 eV 
(P.5) Si interstitial reactions with AgSub-V to fill Si sublattice. Then C interstitial kicks out the 
AgC to form AgTC (R4→R.6). ER= 2.71 eV. ∆Et= -10.48 eV 
 

Next, one-step reactions for transforming Agsub, the second stable Ag defect, to form mobile 
AgTC are considered. These paths involve a single step where the substitutional Ag is kicked out 
(analogously to the second step in the above two-step reactions) and they are labeled P.6 – P.8. 
 
(P.6) Si interstitial kicks out AgC to form AgTC (R.5*). ER = 2.11 eV. ∆Et= -2.09 eV. 
(P.7) C interstitial kicks out AgC to form AgTC (R.6). ER = 2.71 eV. ∆Et= -3.85 eV. 
(P.8) Si interstitial kicks out AgSi to form AgTC (R.7). ER = 3.35 eV. ∆Et= -4.86 eV. 

 
From the above discussion, we have shown that there are paths with barriers in the 0-4 eV 

range (which can be overcome at TRISO integral release experiment temperatures) for AgSub-V 
and AgSub to be kicked out and to form Ag interstitials, including both types of reacting Ag defect 
and SI species.  Based on the thermal equilibrium concentration of Ag defects, which favor 
AgSub-V clusters, (P.1), (P.4) and (P.5) are most likely reaction path to kick out Ag as they all 
begin with this cluster. When AgSub-V interacts with SIs it can readily form substitutional Ag 
with no vacancies nearby, which can then be kicked out. When following this path the AgSub-V 
clusters can be kicked out to form interstitial Ag with barriers of 3.35, 2.11 and 2.71 eV for (P.1), 
(P.4) and (P.5), respectively (see Fig. 5.9).  Although there are possible reactions that lead to Ag 
trapping due to a high reaction barrier (e.g. R.1→R.8) or a strong binding energy as an AgInt-
Antisite cluster (e.g., R.1→R.8*, R.2→R.9*, R.3→R.12*, and R.8*), the fraction of kicked out 
Ag is expected to be greater than trapped Ag as the substitutional Ag concentration is likely 
much larger than the AgSub-Antisite concentration. Once AgTC is formed, Ag can again form 
substitutional Ag since AgC or AgSi are more stable than AgTC. However the reaction barrier for 
AgTC to form substitutional on C site is 3.91 eV and on Si site is 2.98 eV, which is substantially 
higher than the AgTC migration barrier of 0.89 eV. Thus Ag kicked out into the interstitials state 
is expected to diffuse quite far before being trapped again as a substitutional defect. The 
suggested barriers of 2.11-3.35 eV from reactions (P.1, P.4, and P.5) are comparable with the 
range of the effective activation barriers measured in integral release measurements, 1.84-4.24 
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eV [32, 48, 49, 61, 62, 83, 126], and the generally accepted value of 2.28-2.70 eV [134]. While 
the success of this model is suggestive, the hypothesis is still quite speculative and needs further 
validation. In particular, the parameters used in this model were taken from 3C SiC as our 
primary comparisons were to integral release experiments done on 3C material. However, the 
data in the present paper is taken on 4H SiC and a quantitative assessment of the present results 
would require evaluating all parameters for 4H. Furthermore, this model treats only processes in 
a perfect crystalline environment. A generalization of these studies to more realistic GB 
environments would be necessary to more fully assess the ability of these mechanisms to drive 
RED of Ag in GBs. 

 

 
Figure 5.9 The rate-limiting barriers for Ag migration in the irradiated (Red) and unirradiated (Blue) SiC. 
Only the most stable Ag defects are shown here. In irradiated SiC, Ag kickout barriers are rate-limiting 
barriers as the migration barrier of Ag is 0.89 eV. In unirradiated SiC, reorientations of defect complexes 
are the rate limiting barriers [16]. 
 

5.2.4 Discussion on Radiation Enhanced Diffusion Mechanism  
 

In the previous sections we have shown, from both experiment and modeling, that radiation 
can enhance Ag release through SiC. Based on these results, here we discuss a possible effect of 
radiation on diffusion mechanism of Ag in single-crystal and polycrystalline SiC.  

In the Section 5.2, we discussed a possible mechanism for RED, which is the kickout of 
substitutional Ag by SIs. This process would be expected to occur in both in GB and crystalline 
bulk environments. However no RED of Ag is seen in our single crystal 4H-SiC experiments 
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(see Section 3). We interpret the lack of RED in the single crystal as being due to the low 
solubility of Ag in a crystalline region (see estimations on Ag solubilities in Section 5.1.4) 
allowing for only insignificant substitutional concentration of Ag ions available for kickout.  
Thus the present kickout model is relevant for regions where Ag energetics is sufficiently altered 
from bulk single crystal to allow for significant substitutional Ag, but similar enough to 
crystalline to allow crystalline energetics to provide qualitative guidance on possible 
mechanisms.  

In Section 5.2.2, we discussed the possibility that interstitial clusters formed under irradiation 
can dissolve under post-irradiation annealing, providing the source of C interstitials, which in 
turn kick out substitutional Ag and lead to RED. We have argued that the interstitials from this 
dissolution process are sufficient in number to enable significant Ag transport, and that the 
resulting kickout mechanism has a barrier consistent with that seen in integral release 
experiments. While this picture is all quite speculative, our analysis suggests it is possible that 
some kind of kickout mechanisms supports RED of Ag through relatively ordered GBs and 
provides at least a qualitative insight into what processes might be occurring in crystalline-like 
regions. This mechanism of RED may explain the radiation effects on Ag observed in Section 3. 

It is also of interest to consider possible effects of irradiation on highly disordered GBs, 
where a crystalline picture is unlikely to be a good approximation.  For highly disordered GBs 
that can be considered approximately amorphous (high-angle GBs), the literature on RED in 
amorphous materials strongly suggests that RED is likely.  Diffusivities of impurities in various 
disordered (amorphous) materials can be enhanced by orders of magnitude due to irradiation 
[135-141]. Specifically, irradiation may increase the pre-factor [135-137] or decrease the 
activation energy [138-141] of the impurity diffusivity, depending on the diffusion mechanism.  
Mechanisms proposed for amorphous RED include changes in mediating point defect 
concentrations [140], irradiation impacting collective diffusion [142], and coupling to free 
volume [141].  Any of these mechanisms could potentially enhance Ag diffusion under 
irradiation in high-angle GBs. Regardless of the difference in the experimental conditions and 
proposed mechanisms in above studies, the reported diffusivities in irradiated amorphous 
systems show an enhancement in D of typically by 1-3 orders of magnitude. If we apply this 
amount of enhancement to the recently calculated D in a model high-angle GB [124] (1.9×10-

18m2/s at 1500oC), the expected diffusion coefficients of Ag in the irradiated high-angle GB is 
comparable to that reported for integral release measurements (e.g., (1.5-35.9)×10-16m2/s at 
1500oC).  However, this scale of RED is significantly larger than observed in Section 3, and the 
magnitude of RED of Ag in SiC under different conditions requires further investigation. 
Although there are still many open questions about magnitudes and mechanisms, these 
observations on other amorphous systems suggest that RED of Ag through a percolating network 
of amorphous-like high-angle GBs may explain the observed radiation effects on Ag diffusion in 
SiC. Overall, we see that for both more crystalline and more highly disordered GBs there are 
possible mechanisms that could lead to RED for Ag.  

5.3 Summary of Results from Atomistic Simulations 
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To understand Ag diffusion mechanism in SiC layer of TRISO fuel particles, we have 
assessed two questions with atomistic modeling: (i) “Is HEGB diffusion is responsible for Ag 
release through the polycrystalline-SiC?” and (ii) “Is there any possible RED mechanism that 
could account for the enhanced diffusion observed in irradiated SiC?”. To address the first 
question, Ag diffusion in HEGBs is simulated using a DFT based kinetic Monte Carlo (kMC) 
model.  Ag in a HEGB is predicted to exhibit an Arrhenius type diffusion with diffusion 
prefactor and effective activation energy of (2.73 ± 1.09) × 10ିଵ଴mଶsିଵ and 2.79 ± 0.18 eV, 
respectively. The comparison between HEGB results to other theoretical studies suggests not 
only that GB diffusion is predominant over bulk diffusion, but also that the HEGB is one of 
fastest grain boundary paths for Ag diffusion in SiC. The Ag diffusion coefficient in the HEGB 
shows a good agreement with ion-implantation measurements, but is 2-3 orders of magnitude 
lower than the reported diffusion coefficient values extracted from integral release measurements 
on in- and out-of- pile samples. This discrepancy between our model and the diffusion observe in 
integral release experiments involving irradiation drove us to consider the second question 
above. In response to this question we proposed a possible kickout model for Ag diffusion in 
GBs with significant crystalline qualities. This model suggests that dissolution of irradiation 
generated defect clusters could drive mechanisms for Ag interstitial diffusion in crystalline-like 
GB, with rate-limiting barriers of 2.11-3.35 eV (5.49-9.1 eV in bulk SiC). While this picture is 
quite speculative, our analysis suggests it is possible that irradiation, even significantly prior to 
the annealing and Ag release experiment, supports a kickout mechanism that leads to RED of Ag 
through GBs. 

 
6 Continuum model of diffusion through polycrystalline SiC 
 

We have developed of a 3D kinetic Monte Carlo model of impurity diffusion along grain 
boundaries of a polycrystalline samples. The details of the model have been published in (Deng 
et al. Comp. Mater. Sci. 2014) and can be found in Appendix B. This model has been applied to 
evaluate diffusivity and release fraction of Ag in polycrystalline SiC. The effects of various grain 
boundary network properties on transport of Ag across the SiC layer have been examined, 
including fraction of each grain boundary type, spread in grain boundary diffusivities and 
distribution of grain boundary types. We found that the effective diffusivity and release fraction 
of Ag exhibit large variability due to changes in the GB structure of SiC, and this variability is 
almost independent of temperature fluctuation. Our results suggest that the variation in properties 
of grain boundary networks in SiC may contribute to the spread in the Ag diffusivity and release 
fraction measured in TRISO particles. It is also found that the grain boundary diffusion alone 
may be insufficient to account for the Ag diffusivities and release fractions measured in integral 
release experiments. Additional factors such as irradiation and temperature distribution may also 
play an important role in Ag transport across the SiC layer. The results have been published in 
(Deng et al J. Nucl. Mater. 2015) and can be found in Appendix B. 
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9 Appendices  

 
 
 

  



Appendix A 
 
Summary of results for Task 4 “Co-incorporation of Ag with other elements” 
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Appendix B 

 
Summary of results for Task 6 “Continuum model of diffusion through 

polycrystalline SiC” 
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